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Introduction

Silicon has dominated semiconductor technology for almost half a century. Even if the

first transistor was made using germanium and other semiconductors show better elec-

tronic properties in terms of higher carrier mobility, higher saturation velocity, and larger

energy gap. It is the material used to build almost the 97% of all semiconductor-based

electronic devices. The reason is straightforward; it is the most economical technology

to make integrated circuits. Silicon domain can be assessed into a series of properties

of the material that make it the ideal candidate for the fabrication of electronic chips.

The chemistry of Si and its native oxides allows for the realization of deposition processes

and selective etching with uniques uniformity and yield. Combining these two process

technologies on wafers with dimensions constantly growing, it has been possible to fabri-

cate integrated circuits with constantly increasing number of transistors on a single chip.

The first that analyzed this trend was Gordon Moore in 1965, and he suggested that the

trend was due to a constant exercise in cost reduction.[1] The manufacturing cost for a

square millimeter of Si remained constant at about 1$ for many decades, while the num-

ber of transistors and other elements has grown exponentially with time. The number of

transistors for units of area that can be placed on a semiconductor wafer depends on the

capacity of the wafer to dissipate such thermal energy. Materials with elevated thermal

conducibility and melting temperature, like silicon, are the ideal ones. The low leakage

currents that can be achieved with Si oxide and Si nitrate (its native composite with air)

and the elevated thermal conducibility allowed a transistor density higher than with other

semiconductors. Even if Si still dominates the main branch of semiconductor technol-

ogy, there are areas where the low mobility, the low saturation velocity, and the indirect

bandgap permitted other semiconductors to develop.
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Being the raw material cost much higher than Si one, some techniques have been de-

veloped to reduce such costs. A way to maintain the thermal advantage of a silicon sub-

strate and reduce the raw material cost of semiconductors that are not Si consists of us-

ing a thin crystalline semiconductor film grown on top of a thick Si crystalline substrate

(hetero-epitaxy). Hetero-epitaxy guarantees lower costs maintaining a thermally efficient

substrate, but on the other side implies that the semiconductor has to be grown on a sub-

strate with a different lattice parameter. In this case, we can define the lattice misfit be-

tween the two crystals:

f = (asub +aepi)/asub (1)

where asub and aepi are the lattice parameters of the substrate and of the deposited

material (often called epilayer), respectively. The presence of a misfit implies the existence

of an epitaxial strain in the film.

Today’s more diffused epitaxial technologies are the epi-grow of group III-V and II-VI

alloys (especially for radio frequency amplification and laser technologies) and the epitaxy

of group IV semiconductors like the SiC and SiGe alloys and the pure Ge. Group IV semi-

conductors have the non-negligible advantage of having cheaper fabrication costs than

the formers. They could guarantee better performances in terms of electronic properties

than Si. Still, the main obstacle in realizing such devices stems from the fact that the lattice

mismatch induces the formation of detrimental defects, for the electronic and structural

properties of the film, during the epitaxial growth. Such defects hinder the possibility of

an industrial, extensive application of group IV semiconductors other than Si. Typically,

the generated defects are grain boundaries, misfit dislocations, stacking faults, and other

extended defects.

A strong academic and industrial interest exists in the comprehension of defects in

epitaxial systems. Many experimental observations have been made about these topics.

Still, a complete understanding of how extended defects evolve in epitaxial group IV semi-

conductor films is lacking. In particular, two systems present at the same time exciting

application perspectives and hard theoretical modeling challenges: silicon germanium

and cubic silicon carbide. They indeed are attractive semiconductors that can be easily
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integrated into the actual silicon-based architecture. Their epitaxy on Si has been stud-

ied for years, but defect densities are still too high in those systems. The impossibility of

achieving low defect densities in both materials can be found in the existence of many

open problems that have to be solved. The two systems are attractive from the point of

view of theoretical modeling because they are prototypical systems of plastic relaxation

in very different strain conditions. In Ge, misfit dislocations are generated to relax the

compressive epitaxial strain; in cubic SiC, partial dislocations and stacking faults appear

as a consequence of a very high tensile misfit. The dynamics of the main detrimental

defects in these materials, i.e., dislocations and stacking faults, are a complex argument

and require studies that can go beyond the experimental practical limits. Indeed atomic

mechanisms can play an essential role in defect dynamics, and one of the main problems

stems from the empirical difficulty of understanding the temporal and spatial evolution of

these defects at the atomic scale. For such a reason, simulations and molecular dynamics

calculations can play a significant role in understanding and predicting extended defects

behaviors without the necessity of performing thousands of ad hoc experiments.

In this Thesis, we will deal with the problem of modeling extended defects evolution

via molecular dynamics simulations. We will tackle some of the open problems about de-

fect evolution in both the materials under consideration. Our results provided enough

information to shed light on the specific problems of the formation and evolution of mul-

tiple stacking faults in cubic SiC and the formation of ordered arrays of Lomer disloca-

tion in Ge grown on Si. Details will be given in the main text and the conclusions of the

manuscript. In the first part of this manuscript, we will discuss the theoretical background

regarding extended defects in epitaxial systems. We will first introduce the leading theory

used to describe elastic deformations in solids, the Linear Elasticity Theory. The instru-

ments to deal with the concepts of strain, stress, elastic constants, and so on will be in-

troduced. The mathematical formalism there introduced will give us the necessary infor-

mation to comprehend the key factors governing the defects behavior in deformed solids.

This part will also provide the technical background about the most critical extended de-

fect: the dislocations. We will introduce the formalism of Dislocation Theory, initially as

a general overview and after with a particular focus on the materials under considera-

tion. We will also provide a specific discussion about why we selected silicon carbide and
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germanium as prototypical cases to study the modeling of extended defects in epitaxial

systems on silicon.

The approach used in the modeling is the classical molecular dynamics that will be

discussed as well. The second part of this Thesis will be indeed focused on presenting

molecular dynamics crucial aspects. This part of the work will describe the models used to

study extended defects. Key terms that have to be introduced when talking about molec-

ular dynamics will be presented. We will discuss how we model defect evolution. We will

do that in terms of what kind of simulation we set up, how we set them up, and how we

can analyze the results.

In the third part, we will introduce the results obtained using this computational ap-

proach. This part will be subdivided into two chapters. The two chapters will be focused

separately on the two semiconductors that we have chosen to consider. Our findings are

very different for the two subjects of our investigation. In the first one of the two chapters,

we will present our results about extended defects modeling in epitaxial 3C-SiC.

This chapter represents the more significant part of the work done for this Thesis. As

a first point, we present our investigation about which potential function should be used

to model defect evolution in 3C-SiC. The defects that are found in 3C-SiC are for the most

stacking faults, which we found to be governed in their development by the partial dislo-

cation that bound them.

Those dislocations resulted in being of foremost importance in the formation of the

aggregates of stacking faults that are experimentally observed. Providing an explanation

for the appearance of this kind of defect (called multiple stacking faults), we understood

the role of the changes in the strain sign during the typical 3C-SiC growing processes.

Analyzing an experimentally observed mechanism of stacking fault reduction, we sug-

gested experimental recommendations about the role of strain that can help in lowering

stacking fault densities.

Last, we identified which defect in 3C-SiC can be charged with being the "killer defect"

in the epitaxial film (the defects responsible for the appearance of leakage currents in 3C-

SiC devices). Before our investigations, indeed, the connection between stacking faults

and leakage currents that affected 3C-SiC devices was uncertain.

Germanium films grown on Si (001) substate will represent the last part of the result
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section. Germanium, being a well-studied semiconductor in epitaxy systems, is the per-

fect candidate for studying the modeling of dislocations via molecular dynamics. We will

first show an approach able to model the critical aspects of strain relaxation processes in

epitaxial germanium films. After that, we will use the information gained to focus on as-

pects of dislocation evolution in this system that still need to be addressed. We focused

on the role of an essential mechanism in dislocation evolution, the climb of misfit dis-

location. Technical problems of the modelization of such issue will be present, and our

solution will be presented as well. We also provided important information on the actual

evolution happening in epitaxially grown Ge films at low temperatures and high deposi-

tion rates that were still lacking.

In the end, we will drown the conclusions.
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Outline

In the following, we outline how we have organized the present manuscript.

In Chapter 1, we present the main concepts of the Linear Elasticity Theory and Disloca-

tions. A brief introduction to the elastic properties of the crystalline solids is given. Also,

the definition of dislocations is given, presenting the main properties determined by the

atomistic nature of dislocations and by the influence of the crystal lattice on these defects.

In Chapter 2, the technical background necessary to comprehend dislocation modeling

via molecular dynamics will be presented. We will describe how classical molecular sim-

ulations are performed and how we can use this technique to model defect evolution.

Information on the methods used for the visualization and the analysis of the simulations

will be provided as well.

In Chapter 3, results from the study achieved so far are drown. In this chapter, we focus

on the results about the former of the two materials that we considered in this Thesis,

the cubic phase of the silicon carbide. Here we address the evolution of stacking faults

via molecular dynamics simulation, with particular attention to the partial dislocations

surrounding the stacking faults. The potential function that should be used to perform

simulations, the role of partial dislocation on the stability of dislocation complexes, the

dynamics of individual and multiple stacking faults, the processes leading to SF annihi-

lation, and an analysis of what is believed to be one of the most detrimental defects in

3C-SiC will be presented in the various sections of this chapter.

In Chapter 4, the second material, the germanium, is chosen as the subject of our investi-

gations. This chapter investigates two essential aspects of dislocation modeling that could

not be easily explored in the SiC epitaxial system. The strain relaxation via the expansion

of a misfit dislocation loop and the processes able to allow misfit dislocation climb.

Finally, the principal results and the perspectives emerging from this work are summa-

rized in the Conclusions.
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Chapter 1

Theoretical background

Extended defects and material properties are usually studied in the field of linear elasticity

theory. One of the critical pieces of literature in this field is represented by the book written

by Hirth and Lothe.[2] Many of the key concepts and terms used in this Thesis will be

introduced in the following section.

1.1 Linear elasticity theory

When atoms are displaced from their ideal position, an internal deformation exists inside

a crystal. This is the case of the deposition of thin films onto a different material substrate

(hetero-epitaxy). In hetero-epitaxy, the atoms of the grown substrate have to adapt to the

lattice parameter of the underlying substrate. The concepts of deformation and displace-

ment fields are commonly introduced to describe epitaxy.

1.1.1 Displacements and strain tensor

Let’s consider a crystal made of a continuum medium in which atomic positions are de-

scribed by vectors, in a Cartesian reference system, ~x =(x ′, y ′, z ′). New positions can be

described by a displacement field ~u(x):

~X =~x +~u(x) (1.1)

Once the displacement field has been defined is possible to define the symmetric ten-

sor of infinitesimal deformations, i.e., the strain tensor:

εij = 1

2

(
∂ui

∂xj
+ ∂uj

∂xi

)
(1.2)
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To understand the relationship between displacements and strain, let’s consider the

simple case of a bidimensional square lattice as shown in Figure 1.1: Assume that atoms

in a relaxed crystal are a set of springs in their equilibrium position fixed in a single point

(i.e., the atom near the origin in 1.1). Uniform dilation ∆x of the springs by a corresponds

to a displacement = a for the atoms bounding the first spring; equal to 2a for the next one,

equal to 3a for the successive and so on. Clearly, this displacement field is not uniform but

linear.

Strain tensor is defined under the hypothesis of infinitesimal deformations. Such a hy-

pothesis can be justified considering how the distance between two points changes during

deformation. Assuming two points infinitesimally nearby, being d xi the i −th component

of the vector of the distance between the two points before the deformation, after one has

d x ′
i = d xi +dui. The distance between the two points before and after the deformation is

given by:

dr =
√∑

i
d xi dr ′ =

√∑
i

d x ′
i =

√∑
i

d xi +dui (1.3)

Considering that dui = ∂ui

∂xj
d xj one obtains:

(dr ′)2 − (dr )2 = 2 εij d xi d xj (1.4)

with

εij = 1

2

(
∂ui

∂xj
+ ∂uj

∂xi
− ∂ui

∂xj

∂uj

∂xi

)
(1.5)

Equation 1.5 represents the generalized strain tensor for large displacements, as obtained

from the variation of an element of length following a deformation. It’s easy to demon-

strate that, under the hypothesis of small deformation, the quadratic terms in 1.5 can be

neglected, obtaining the expression 1.2.

1.1.2 Stress Tensor

Another tensor of fundamental importance in Linear Elastic Theory is the stress tensor.

Deformation can be induced by the presence of an external force or load. The stress tensor

σij is defined as the force per unit of area on the i − th face along the j − th direction. The
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(a) A bidimensional square lattice before
and after a uniform dilation of 100% along
x, corresponding to εxx = cost

(b) Displacement field u for a uniform dila-
tion of 100% along x, corresponding to εxx =
cost

(c) A bidimensional square lattice before
and after a uniform dilation of 100% along
y , corresponding to εyy = cost

(d) Displacement field u for a uniform dila-
tion of 100% along y , corresponding to εyy =
cost

(e) A bidimensional square lattice before
and after a diagonal uniform dilation of
100%, corresponding to εxy = cost

(f) Displacement field u for a diagonal
uniform dilation of 100%, corresponding to
εxy = cost

Figure 1.1: Relationship between deformation, displacements and strain.
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Figure 1.2: Stress tensor components σij.

traction Tj represents the force per unit of area acting on a surface with normal vector n̂

along the j − th direction. The traction is related to the stress tensor by the relation:

σij ni = Tj (1.6)

where ni = n̂ · ei and {ei i = 1,2,3} is a set of orthonormal vectors of the coordination sys-

tem. At the equilibrium, the resultant of the forces acting on a system is zero. Given a

solid body and the forces acting on it, the traction Ti acting on the surface, and the vol-

ume forces acting per unit of volume, at the equilibrium, the resultant can be written in

the form: ∫
V

fi dV +
∫

S
Ti dS = 0 (1.7)

Using the definition of Ti becomes

∫
V

fi dV +
∫

S
σij ni dS = 0 (1.8)

By using the divergence theorem one obtains

∫
S
σij ni dS =

∫
V

∂σij

∂xi
dV (1.9)
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Thus the equation 1.8 becomes:

∫
V

( fi +
∂σij

∂xi
) dV = 0 (1.10)

The equilibrium equation is valid for an arbitrary volume, thus it’s valid also for an in-

finitesimally small volume (should be valid punctually). The equation at the equilibrium

is obtained imposing that the function to be integrated is equal to zero:

fi +
∂σij

∂xi
= 0 (1.11)

It can be demonstrated that the strain tensor it’s always symmetric and that its sym-

metry does not depend on the equilibrium conditions. Due to its intrinsic symmetries, it

is made of only six independent entries.

1.1.3 Hooke’s law and elastic constants

Linear elasticity is a simplification of the more general nonlinear elasticity theory. The

fundamental assumption of linear elasticity is that the response of a system to an external

force is linear. In mathematical terms, it can be written as a linear relationship between

stress and strain:

σij =Cijnm εnm (1.12)

Where Cijnm is the stifness tensor, a 4-order tensor which is made, in the most general

case, by 3× 3× 3× 3 = 81 entries. The equation 1.12 is a generalization in three dimen-

sions of the mono-dimensional Hooke’s law. Equation 1.12 can be inverted to define the

compliance tensor Snmij:

εnm = Snmij σij (1.13)

From now on the Voigt convention will be used for convenience. Considering that tensors

¯̄ε e ¯̄σ are symmetric, only six independent elements are present. In the Voigt notation,

Stress and strain are represented as vectors with six components, which are the six inde-

pendent entries, and ¯̄C is a 6×6 matrix. Thus the equation 1.12 becomes:



Chapter 1. Theoretical background 6



σxx

σyy

σzz

σxy

σyz

σxz


=



C11 C12 · · · C16

C21 C22 · · · C26

...
...

. . .
...

C61 C62 · · · C66





εxx

εyy

εzz

εxy

εyz

εxz


(1.14)

Equation 1.14 has general validity and remains correct for symmetric systems and anisotropic

systems. Given a crystal with cubic symmetry, it’s possible to further reduce the number

of elastic constants Cij from 36 to only three independent entries. For a cubic crystal, the

stiffness tensor can be written as:

C =



C11 C12 C12 0 0 0

C12 C11 C12 0 0 0

C12 C12 C11 0 0 0

0 0 0 C44 0 0

0 0 0 0 C44 0

0 0 0 0 0 C44


(1.15)

And the compliance tensor as:

S =



S11 S12 S12 0 0 0

S12 S11 S12 0 0 0

S12 S12 S11 0 0 0

0 0 0 S44 0 0

0 0 0 0 S44 0

0 0 0 0 0 S44


(1.16)

In the case of a cubic lattice also the following relationships stand:
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C44 =C11 −C12

S44 = S11 −S12

(1.17)

Thus the number of independent elements can be further reduced to two. Further-

more the components of the stiffness tensor are related to the compliance tensor by the

following:

C11 = 1

2

[
1

S11 +2S12
+ 1

S11 −2S12

]
C12 = 1

2

[
1

S11 +2S12
− 1

S11 −2S12

] (1.18)

And, inverting the equations 1.18:

S11 = C11 +C12

(C11 −C12)(C11 +2C12)

S12 = C12

(C11 −C12)(C11 +2C12)

(1.19)

1.1.4 Poisson ratio, Young and bulk moduli and Lamè constants

Other two quantities are of main importance; these material specific constants are:

• The Poisson ratio ν that represents the ratio between the perpendicular expansion

and the contraction in the direction of an external load;

• The Young modulus E, defined as the ratio between the uniaxial stress and the strain,

in the limits of validity of Hooke’s law.

The values of Poisson ratio and Young modulus, ν ed E, are reported in table 1.1, for sili-

con, germanium and silicon carbide. The value of the Poisson ratio reported for silicon is

the mean value of those along the different crystallographic directions.

The components of compliance tensor can be expressed in terms of the elastic con-

stants just defined as:

S11 = 1

E

S12 =−ν

E

(1.20)
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Table 1.1: Poisson ratio and
Young modulus for Si, Ge and SiC.

Material ν E [Pa]

Si 0.27i 1.31×1011

Ge 0.26 1.03×1011

SiC 0.14 3.90×1011

i Mean value of the Pois-
son ratio along the different
crystallographic directions.

Often other constants are introduced in the use of elasticity theory, they are:

µ= E

2(1+ν)

λ= νE

(1+ν)(1−2ν)

K =λ+ 2

3
µ

(1.21)

Where µ (often called shear modulus) and λ are the second and the first Lamè constants

while K is the Bulk modulus.

From these constants one can redefine the elasticity tensors C ed S in a simple and

compact form:

C11 = K + 4

3
µ

C12 = K − 2

3
µ

S11 = µ+3K

9µK

S12 = 2µ−3K

18µK

(1.22)

In the same way the stress components can be rewritten using Lamè constants:

σxx = 2µεxx +λ(εxx +εyy +εzz)

σyy = 2µεyy +λ(εxx +εyy +εzz)

σzz = 2µεzz +λ(εxx +εyy +εzz)

(1.23a)
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σxy = 2µεxy

σyz = 2µεyz

σxz = 2µεxz

(1.23b)

1.1.5 Elastic Energy

For a continuum medium, the stress tensor can be obtained from an elastic energy density

function U (εij), which is necessarily an exact differential.

σij = ∂U

∂εij
(1.24)

Under the hypothesis of linearity, remembering the definition of the stiffness tensor 1.12,

by substitution, one obtains that:

Cijnm = ∂2U

∂εij∂εnm
(1.25)

Integrating the equation 1.25 the expression for the density of elastic energy is obtained.

The elastic energy for a system is obtained by integrating U on the whole volume

U = 1

2
εijCijnmεnm = 1

2
σnmεnm (1.26)

It can be expressed in an explicit form using the Lamè constants:

U = 1

2µ

[
λ+µ

3λ+2µ
(σ2

xx +σ2
yy +σ2

zz)+ (σ2
xy +σ2

yz +σ2
xz)

]
+·· ·

· · ·− 1

2µ

[
λ

3λ+2µ
(σxxσyy +σxxσzz +σyyσzz)

] (1.27)

1.1.6 Epitaxial Stress

In the introduction has been anticipated that the presence of a lattice mismatch charac-

terizes epitaxial systems. Such a mismatch is the primary source of elastic stress in these

systems. The lattice mismatch produces an in-plane biaxial strain parallel to the growing

plane (in most cases, the plane is the (001)). The lattice mismatch depends on the lat-

tice parameter of the film and the substrate. The mismatch value for silicon carbide films

grown on silicon is ≈ 20%. The mismatch for silicon-germanium alloys depends on the
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percentage of germanium in the SiGe alloy. Considering an isotropic system made by an

alloy of silicon germanium, grown at the lattice parameter of the silicon substrate in the

direction n̂ Ë ŷ , the strain is equal to:

ε= aSi −ax

ax
= 0.0399 x (1.28)

Where ax is the lattice parameter of the epitaxial layer, x is the Ge percentage in the alloy,

and aSi is the lattice parameter of the silicon substrate.

The free surface of the film implies that:

σ · n̂ =σxy +σyy +σzy = 0 (1.29)

Such a condition always stems at the free surface. In the presence of homogenous stress,

like in the case of epitaxial systems, this condition has to be extended to the whole film to

maintain the stress field. From the definition of biaxial stress, σxy =σzy = 0, it results that

condition 1.29 becomes:

σyy = 0 (1.30)

For what concerns the strain, only diagonal terms are present:

εxx = εzz = ε

εyy = f (ε)

εij = 0 se i 6= j

(1.31)

In general, it’s important to always remember that, in order to define the strain in di-

rection normal to the growth direction, one has to consider the system 1.15 and the con-

dition 1.30:

σxx =C11 εxx +C12 εyyC12 εzz

0 =C12 εxx +C12 εyyC12 εzz

σzz =C12 εxx +C12 εyyC11 εzz

(1.32)
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From which is possible to obtain an expression for εyy:

εyy =−C12

C11
(εxx +εzz) (1.33)

Knowing all the components of the strain tensor of equation 1.26 is now possible to

calculate the energy density of a film that undergoes a biaxial strain:

U = 1

2


C11 ε+C12 ε−

2C 2
12

C11
ε

0

C11 ε+C12 ε−
2C 2

12

C11
ε



t 
ε

−C12

C11
ε

ε

= Y ε2 (1.34)

con

Y =
(

C11 +C12 −2
C 2

12

C11

)
(1.35)

Y is the Young mosulus under biaxial strain, that, in the isotropic case, using ν and E , has

the following form:

Y = 2E(1+ν)

(1−ν)
(1.36)

(a) Elastic relaxation (b) Plastic relaxation

Figure 1.3: Illustration of the two possible way to relax an epitaxial structure formed
by a substrate (dark blue) and an epitaxial film (light blue) with square lattice.

The biaxial strain can influence the layer morphology during layer growth. In the first

steps of a grow process, the film surface grows flat, but the accumulated misfit elastic

energy grows as the thickness increases. The epitaxial layer can relax this energy in two
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distinct ways: either trough the nucleation of island on the growing surface (elastic re-

laxation),[3–7] or trough the formation of dislocation at the interface with the substrate

(plastic relaxation).[8–12] See Figure 1.3 for a comparison.

For most application flat films are required hence the latter relaxation mechanism is

preferable.[13] In this Thesis we will consider only plastic relaxation in epitaxy. Therefore,

in the next section, we will present in details the key concepts about dislocation; their

characteristics, their evolution, and their formation.
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1.2 Dislocations

Dislocations are line defects and, even if their presence is observed microscopically, to

describe them is mandatory to refer to a crystalline lattice.[14]

1.2.1 Dislocation in crystals

Each dislocation can be classified using two entities which are the Burgers vector and dis-

location line. The two main classes of dislocations are edge dislocations and screw dislo-

cations.

Edge dislocation

(a) model of a positive edge dislocation
"DC" obtained by the insertion of an extra
half plane of atoms in "ABCD".

(b) Model of a counterclockwise screw
dislocation "DC" model obtained shifting
"ABCD" sides in the "AB" direction in an op-
posite way.

Figure 1.4: Illustration of edge and screw dislocations for a simple cubic lattice.

An edge dislocation is a line extended defect. In a simple cubic lattice, it can be ob-

tained by introducing an extra half-plane of atoms inside a crystal as displayed in figure

1.4 (a). To obtain such a dislocation, all the interatomic bonds that intersect the ABCD

surface are broken. The two halves are separated so that the extra plane of atoms can be

inserted in between. The faces of the two halves are now separated by a quantity equal

to a single lattice step. After this procedure, the relative position of atoms with their sur-

roundings is altered only relatively, except for particles close to the segment CD which is

called dislocation line and it’s denoted by the vector~ξ. Inter atomic bond distortion and

bending will decrease gradually with the increase of the distance from the dislocation line.



Chapter 1. Theoretical background 14

Screw Dislocation

A screw dislocation can be realized by shifting the two halves introduced in the preceding

section along the new direction AB in an opposite way. An example of a screw dislocation

is showed in Figure 1.4 (b). In the present case, after the shifting equal to the lattice pa-

rameter of the two faces along AB, broken bonds that cross the ABCD surface are replaced

by new bonds.

Generally talking, in dealing with dislocation, it’s helpful to introduce some concepts.

One of the most important ones is the concept of the Burgers circuit and consequently that

of Burgers vector.[15] In a crystal lattice, the Burgers circuit is any closed path from atom

to atom that surrounds dislocations. Therefore it’s a sequence of "steps" which define a

circuit, as the one shown in Figure 1.5 (a). By repeating the same sequence in the ideal

crystal, where no dislocations are present, one obtains a circuit that is no more a closed

path, as shown in Figure 1.5 (b). The vector necessary to close the latter circuit is called

Burgers vector~b.[2]

(a) Burgers circuit in a crystal with a dislo-
cation line ~ξ. Dislocation line is normal to
the view direction.

(b) Burgers circuit referred to the ideal per-
fect crystal.

Figure 1.5: Burgers circuit in a crystal with and without a dislocation. The circuits
starts in S and ends in F. In the perfect crystal an additional vector equal to~b is
necessary to close the circuit.

Two convention have to be introduced to build a Burgers circuit: first of all, aligning

the view in the direction of the dislocation line, the circuit must be directed clockwise;

secondly, the Burgers vector must be directed in such a way that it goes from the starting
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point to the final point of the Burgers circuit (in the perfect crystal). With these conven-

tions, it can be demonstrated that inverting the direction of the dislocation line also the

direction of the Burgers vector is inverted. A formal definition of~b is given by the line in-

tegral along a closed path C in the clockwise direction with respect to the dislocation line

~ξ, of the elastic displacement ~u around the dislocation:[2]

~b =
∮

c

∂~u

∂l
dl (1.37)

Now it’s possible to define the glide plane as the one generated by the two vectors ~b

and~ξ, identified by the normal vector n̂ given by the vector product~b ×~ξ.

Two fundamental observations arise from the definitions given above:

• Edge dislocations have their Burgers vector orthogonal to the dislocation line.

• Screw dislocations have their Burgers vector parallel or anti-parallel to the disloca-

tion line.

This is valid for ideal dislocations which are either edge or screw, but more in general,

dislocations can form an arbitrarily angle with their Burger vector. Therefore, a generic

dislocation has a screw component which is given by:

~bscrew =~ξ∗ (~b ·~ξ) (1.38a)

and an edge component given by:

~bedge =~ξ× (~b ×~ξ) (1.38b)

1.2.2 Stress fields of a dislocation

In section 1.1.6 the stress field induced by epitaxial growth was introduced. Dislocation

lines can generate stress their selves. Linear elasticity theory can be applied to describe

strain and stress field generated by a dislocation excluding only a small region around the

dislocation line. In the surroundings of the dislocation line, indeed, the displacements

from equilibrium positions are too big that Hooke’s law 1.12 is no more valid.[2] To start,

it’s simpler to begin introducing the case of a dislocation line in an infinite bulk.
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Figure 1.6: Stress field for a screw dislocation with dislocation line~ξ.

Stress field of a screw dislocation

A screw dislocation can be represented as in Figure 1.6. Let’s consider a cylinder, and let’s

R be its radius and L its length. The cylinder axis is the dislocation line~ξ, as in Figure 1.6. A

screw dislocation can be obtained from a perfect crystal by applying a shear displacement

along z direction with slipping plane xz. The slipping plane is often called "glide plane" or

"slip plane". An operation of calculation of the Burgers vector~b along a close circuit that

surrounds the dislocation line would show that the considered dislocation is character-

ized by having a positive Burgers vector. It’s evident in Figure 1.6 that the displacements

ux e uy are both null, an that the displacement uz has a discontinuity in y = 0, x > 0 defined

as follow:

lim
η→0

[
ux(x,−η)−uz(x,η)

]= bz η> 0 (1.39)

In the case of an isotropic medium, uz can be written conveniently in cylindrical coordi-

nates*:

ur,θ = b
θ

2π
= b

2π
arctan

y

x
(1.40)

*The function f (x) = arctan(x) : R→ [−π
2 ; π2 ] returns the angle between −π

2 e π
2 while the θ angle is in the

interval [0,2π]. The correct function that should be used is the two values function f (x, y) = arctan2(x, y) :
R2 → [−π;π]



Chapter 1. Theoretical background 17

Figure 1.7: Stress field for an edge dislocation with dislocation line~ξ.

Being satisfied the elasticity equation 1.12 it’s possible to calculate all the entries of the

stress tensor from the displacement field:

σxx =σyy =σzz = 0

σxy = 0

σxz =−µb

2π

y

x2 + y2

σyz =−µb

2π

x

x2 + y2

(1.41)

Stress field for an edge dislocation

Also, an edge dislocation can be described as the deformation of a cylinder made of an

isotropic medium. An edge dislocation is characterized by having a perpendicular Burgers

vector~b and dislocation line~ξ. Let’s consider a dislocation line as shown in Figure 1.7. It

is parallel to the direction z and coincides with the cylinder axis, while the Burgers vector

is directed along the direction x. In this case there aren’t any strain nor any displacement

in the z direction, and the deformation is called "plane strain". The components of the
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stress field are given by the equations:

σxx =− µb

2π(1−ν)

y(3x2 + y2)

(x2 + y2)2 (1.42)

σyy =− µb

2π(1−ν)

y(x2 − y2)

(x2 + y2)2 (1.43)

σzz =− µbν

2π(1−ν)

y

(x2 + y2)
= ν(σxx +σyy) (1.44)

σxy =− µb

2π(1−ν)

x(x2 − y2)

(x2 + y2)2 (1.45)

σyz = 0 (1.46)

σxz = 0 (1.47)

A complete derivation of these expressions can be found Theory of Dislocations.[2] These

simple analytical solutions present an intrinsic singularity along the dislocation line that

can lead to divergence when calculating energy and force. A non-singular formulation of

stress fields has been studied by Cai, Arsenlis, Weinberger, and Bulatov in.[16]

From the relations between stress and strain 1.23 and from the definition of strain 1.2

one can obtain the displacement field for an edge dislocation by integration:

ux = b

2π

[
arctan

y

x
+ x y

2(1−ν)(x2 + y2)

]
uy = b

2π

[
1−2ν

4(1−ν)
ln(x2 + y2)+ x2 − y2

4(1−ν)(x2 + y2)

] (1.48)

A deformation like the one in Figure 1.7 has a discontinuity in the displacements ux in

x > 0, and in particular on the x axis with η> 0 we have:

lim
x→−∞∆ux = ux(x,η)−ux(x,−η) = 0

lim
x→∞∆ux = ux(x,η)−ux(x,−η) = b

(1.49)

The solutions 1.48 of the displacement field have a discontinuity in the origin, where the

dislocation is placed. Still, this is not a problem when dealing with a discrete lattice. In-

deed (unlike in the case of a continuum medium), the displacements are well defined in

every point of the lattice (having care not to place the dislocation on an atomic position).

Function ∆ux(x,0) trend is showed in Figure 1.8 (b). Points in the tensile half-plane
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(a) An edge dislocation for sim-
ple cubic lattice.

(b) Jump of the function ∆ux(x,0) for an edge dislocation.

Figure 1.8: Jump of the function ∆ux(x,0) for an edge dislocation.

(above) accumulated an increasing amount of disparity d(∆ux) with respect to the points

of the other half-plane until the accumulated displacement is equal to b. In an atomistic

system, that is translated in the insertion of an increasing amount of disparity between

atomic positions until the crystalline structure is re-obtained again (see Figure 1.8 (a)).

Hence, we have that in the vicinity of the x axis, with η> 0:

∫ ∞

−∞
d(∆ux) = lim

η→0+

∫ ∞

−∞
d

(
ux(x,η)−ux(x,−η)

)= b (1.50)

And from the strain definition, still with η> 0,

∫ ∞

−∞

(
∂ux(x,η)

∂x
− ∂ux(x,−η)

∂x

)
d x =

∫ ∞

−∞
(
εxx(x,η)−εxx(x,−η)

)
d x = b (1.51)

It can be verified easily that the strain field derived from 1.47, satisfy the condition 1.51.

It should be noted that this condition is satisfied in a different way depending on the for-

malism that has been used to express the stress and strain field. The stress, in the case of

dislocation with an extra half-plane in y < 0 and Burgers vector directed along the positive

direction of x axis, as in Figure 1.8 (a), we always have that for η> 0, η→ 0+:

∫ ∞

−∞
εxx(x,η)d x = b

2∫ ∞

−∞
εxx(x,−η)d x =−b

2

=⇒
∫ ∞

−∞
(
εxx(x,η)−εxx(x,−η)

)
d x = b

(1.52)

In simple terms, the condition 1.51 indicates that each dislocation expands the tensile

region by a factor equal to~b with respect to the compressive region.
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Figure 1.9: Construction of an image dislocation.

1.2.3 Free surface effects

The role of surfaces is of primary importance. Indeed, infinite straight dislocation lines

cannot exist in a perfect bulk crystal: the elastic energy of a single dislocation in bulk

diverges because of its long-range strain and stress fields. Dislocations must start and end

on another defect or a surface, forming loops or semi-loops. Beyond that, heteroepitaxial

structures have a limited thickness of few hundreds of nm typically. For all these regions

and many more, the role of the free surface is not negligible.

Let’s consider a dislocation placed in the origin of a cartesian reference system and a

free surface with normal vector n̂ parallel to y axis. Let’s assume that the thickness of the

film is h, the boundary condition set by the existence of the free surface is the equation

1.29 and hence we have:

σ · n̂ = 0 at y = h (1.53)

Molecular dynamics, which will be used in this Thesis to model dislocation evolution,

automatically reproduce the condition 1.53. Indeed the equilibration of the system makes

the system evolve toward a final configuration that has at the free surface, at equilibrium

σ · n̂ = 0.

It’s also possible to obtain a configuration that has σ · n̂ = 0 by considering a displace-

ment field made by a dislocation and its virtual image above the surface.

1.2.4 Image dislocation

It’s possible to analytically satisfy the condition 1.53 using a construction very similar

to the method of image charges used in electrostatic. In analogy with the electrostatic
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method, here we use a mirror image of the dislocation above the free surface. This method

is also called "dislocation dipole." While the electric charge in a point x0 is defined by a

scalar quantity q , a dislocation is defined by a vector ~b. Therefore the image dislocation

is a dislocation placed in a mirror-symmetric point with respect to the surface, and its

Burgers vector is inverted −~b. With reference to Figure 1.9: the dislocation is placed in

the point (xdisl
0 , ydisl

0 ), the free surface, with normal vector n̂, is placed at the height y = h

and the image dislocation is placed in the point (xdisl
0 , ydisl

0 +2h). The Burgers vector of the

image dislocation is:

~bimm =−~bdisl (1.54)

The condition 1.53 for this system becomes:

σ · n̂ =σxy +σyy +σyz = 0 (1.55)

In the case of more complex dislocation geometries, the image method is not enough to

obtain the condition1.29 and a further correction term has to be added.[17]

1.3 Dislocations in diamond/zinc-blende crystals

Silicon, germanium, and cubic silicon carbide have a diamond/zinc-blende crystalline

structure (zinc-blende in the case of the cubic SiC). In these crystalline structures the

smallest vectors that connect two atomic positions inside the lattice are those belong-

ing to the class 1
2 〈110〉 and 〈100〉. Being the smallest possible vectors makes them the

preferred ones for the formations of dislocation because they introduce deformation with

lower energy (as will be discussed later, this energy is proportional to~b2).

The dislocation elastic energy is proportional to the square modulus of its Burgers

vector,[2] therefore the elastic energy of dislocations of the family 1
2 〈110〉 is only half that

of those in 〈100〉 family. This is the reason why dislocations 〈100〉 are energetically less fa-

vorable and less abundant in non strained crystals. Dislocation with Burgers vector along

〈110〉 are called "60° dislocations" because the angle between the Burgers vector and the

dislocation line is indeed 60°. When the Burgers vector is oriented in a 〈110〉 direction

and is perpendicular to a dislocation line~ξ which is in one of the 〈110〉 direction is called

"Lomer", "edge" or "90°" dislocation for the same reason.
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(a) A 60° perfect dislocation. (b) A 90° perfect dislocation.

Figure 1.10: Perfect dislocations in diamond lattice. A red color highlight the atoms
of the extra half-planes. The blue line is the dislocation line~ξ, the yellow arrow is the
Burgers vector~b.

A slip (sometimes "glide") system is the set of symmetrically identical slip (glide) planes

and associated families of glide directions for which dislocation motion can easily occur.

Possible glide systems are conventionally represented using the Thompson tetrahedron

shown in Figure 1.11. Considering a cell oriented in such a way that the dislocation line

coincides with the "CD" direction, we can identify:

• An edge (90°) dislocation with~b in the AB direction

• A screw dislocation with~b in the CD direction

• A 60° dislocation with~b in the AD, AC, BD, BC directions

Figure 1.11: One eighth of the unitary cell of the fcc lattice with a Thompson
tetrahedron inside it: tetrahedron faces are all the possible glide planes and the edges
are all the possible glide directions, i.e. all possible~b e~ξ.
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Given the dislocation line direction, for a 60° dislocation, there exists a total of two

glide planes and eight possible Burgers vectors, four of them relax the compressive stress

in the epilayer and the other four the tensile stress (considering a growth on (001) sub-

strate). Considering a dislocation line in the [110] direction (CD), the two possible glide

planes are (111) (ACD) and (11̄1) (BCD), each of them have a total of four Burgers vectors.

They are subdivided as follows:

Glide plane Burgers vectors:

(111)
[01̄1] (AC) [101] (AD) [011̄] (CA) [1̄01̄] (DA)

(ACD)

(11̄1)
[101̄] (BC) [011] (BD) [1̄01] (CB) [01̄1̄] (DB)

(BCD)

Table 1.2: Glide planes of a 60° dislocation and suitable Burgers vectors. In the
parenthesis the Thompson tetrahedron edges.

1.3.1 Glide and shuffle set

The presence of a dislocation inside a solid significantly changes crystalline ordering only

in the proximity of the dislocation line. Indeed, at a sufficient distance from the dislo-

cation, the relative position of atoms are those of the perfect crystal, i.e., diamond/zinc-

blende structure for silicon, germanium, and cubic silicon carbide. In the vicinity of the

dislocation line, the structure is extremely different from the perfect crystal, and possi-

ble atomic geometries around the dislocation line are usually called dislocation core. In

the case of 60° dislocations, the possible geometries were first described by J. Hornstra.[18]

They correspond to have the dislocation in the glide and shuffle subset of {111} planes, and

therefore they are two for each possible glide plane. The edge component of a 60° disloca-

tion implies the presence of an extra half-plane of atoms in the lattice. The diamond/zinc-

blende structure is made by a face centered cubic (fcc) lattice with a bi-atomic base, and

each {111} plane is made up of a plane of pairs of atoms (a bi-layer). Essentially in the case

of the glide set {111} planes appears to be formed of close {111} planes of single atoms

(one for each atom of the base), while in the case of the shuffle subset, they appear to be

formed of distant {111} planes of single atoms. In the case of 60° dislocation core, two
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different configurations are possible depending on where the slipping plane of the dislo-

cation is placed, if the dislocation line lays exactly in between two close {111} planes or in

between two distant {111} planes. The two possible configurations are characterized by a

different termination of the extra half-plane of atoms. In Figure 1.12 and in Figure 1.14 it

is shown how the two possible configuration can be obtained.

Glide core

(a) Projection on the {110} plane of a crystal
with a diamond structure.

(b) Displacement vectors to obtain a 60°
dislocation with a glide core.

(c) Extra half plane of atoms for a 60° dislo-
cation with glide core.

(d) Highlight of the glide core of a 60° dis-
location.

Figure 1.12: Projections on the {110} plane of a crystal with diamond structure where
a 60° dislocation perpendicular to the sheet has been inserted in the glide subset in such
a way that a glide core is produced. The dashed purple line shows the cutting plane
between two {111} close planes. Note the extra plane of atoms that terminates with a
single atom in (c).

Figure 1.12 (a) shows the projection of a perfect crystal on the {110} plane. In Figure

1.12 (b) orange arrows show how the two halves of the crystal delimited by the plane {111},

that is between two close atomic planes (in the {111} projection), are displaced. After the

shifting, a double row of atoms (which in 3-D is a double plane) terminates in correspon-

dence of the {111} plane. In the presented case, the dislocation has a glide core. In the
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plane view, it is characterized by a 7-ring and a 5-ring highlighted in Figure 1.12 (d).

The glide core is characterized by a structure where all the atoms are tetra-coordinated.

For this reason, the energy of a 60° dislocation glide core is lower than the one of a shuf-

fle 60° dislocation. Even though the absence of dangling bonds limits its motion. Figure

1.13 shows the core structure of 60° dislocation in three dimensions and the absence of

under-coordinated atoms.

Figure 1.13: Glide core of a 60° dislocation.

Shuffle core

Figure 1.14 shows that, to have a shuffle core, the two halves of the crystal are delimited

by the {111} plane that is in between two distant atomic planes. After the displacement, a

double row of atoms terminates in correspondence of the {111} plane with a pair of par-

ticles (Figure 1.14 (c)). The shuffle core is characterized by a single 8-ring highlighted in

panel (d).

In the case of the shuffle core, there is an under-coordinate atom, with a dangling

bond, this allows shuffle dislocations to have higher mobility with respect to glide core

dislocations. Notably, shuffle core dislocations tend not to split as described in section

1.3.2 because stacking fault (SF) in the shuffle set has very high energy. In Figure 1.15 it’s

possible to notice the under-coordination of the last atom of the extra half-plane (circled

in red in Figure 1.14 (c)).
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(a) Projection on the {110} plane of a crystal
with a diamond structure.

(b) Displacement vectors to obtain a 60°
dislocation with a shuffle core.

(c) Extra half plane of atoms for a 60° dislo-
cation with shuffle core.

(d) Highlight of the shuffle core of a 60° dis-
location.

Figure 1.14: Projections on the {110} plane of a crystal with diamond structure where
a 60° dislocation perpendicular to the sheet has been inserted in the shuffle subset in
such a way that a shuffle core is produced. The dashed purple line shows the cutting
plane between two {111} distant planes. Note the extra plane of atoms that terminates
with a pair atoms in (c).

Figure 1.15: Shuffle core of a 60° dislocation.
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1.3.2 Partial dislocations and stacking Faults

As anticipated in the preceding section, the self energy of a dislocation line is proportional

to the square of the Burgers vector of the dislocation. Thus any dislocation with a Burgers

vector ~b would find energetically favourable to split up into two dislocations ~b1 and ~b2,

provided that~b2 >~b2
1 +~b2

2. This is the case, for example when~b1 =~b2 = 1
2
~b. Therefore it’s

energetically favourable to spit up a dislocation into dislocations whose Burgers vector is

as small as the structure of the lattice permits. Frank first formulated a general rule[19] that

states that, if~b, ~b1 and~b2 are permissible Burgers vectors in a particular crystal lattice, a

dislocation with the Burgers vector~b will split up into dislocations ~b1 and ~b2 if:

~b2 >~b2
1 +~b2

2 (1.56a)

and will not split if:

~b2 <~b2
1 +~b2

2 (1.56b)

Suppose we restrict ourselves to perfect dislocations in diamond/zinc-blende struc-

ture, the smallest Burgers vector possible, points toward the various possible 〈110〉 direc-

tions. The length of these Burgers vectors is the distance from the center of one atom to the

center of the next atom along any of these directions. The term perfect dislocation means

a dislocation that leaves the atoms in a position equivalent to those occupied originally as

it moves past along its slip plane. If a is the lattice parameter of the lattice, the length of

the smallest Burgers vector possible to a perfect dislocation is a/
p

2. This Burgers vector

can be written:

b = a

2
[110] (1.57)

Dislocations of the type a
2 [110] that lie on (111) planes may lower their energy by com-

bining among themselves (for example, forming a Lomer dislocation) or by splitting up

into several new dislocations.

The most important reaction involving perfect and partial dislocations is the dissoca-

tion of a perfect dislocation into two Shockley partial dislocations. A perfect dislocation

with Burgers vector of a
2 [110] can split into Shockley dislocations with the following Burg-

ers vector:
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a

2
[1̄01] → a

6
[2̄11]+ a

6
[1̄1̄2] (1.58)

Such dissociation will be shown in Chapter 3 in Figure 3.2. A perfect dislocation (in

blue) which is surrounded by a perfectly reconstructed crystal (light blue atoms) split up

into two Shockley partial dislocations (in green). Between the two partial dislocations,

orange atoms show the presence of a stacking fault. A stacking fault appears because the

two vectors a
6 [2̄11] and a

6 [1̄1̄2] connect two atomic position in the diamond lattice but

belonging two sites of two different fcc lattices that made up the diamond structure. A

fault is now introduced in the ordering of the atomic layers as will be described later in

Section 1.4.

1.3.3 Dislocation motion

When a solid crystalline material undergoes external force, dislocations already present in

the crystal or nucleated consequentially to growth processes move throughout the crystal

until a free surface is reached where the macroscopic deformation is observed.

Dislocation motion follows two complementary ways: by glide motion and by climb

motion.

The glide motion is achieved making slipping the dislocation line in the plane, which

is determined by the Burgers vector~b and the dislocation line~ξ, which is named as antic-

ipated before glide plane. The motion along the glide plane is called conservative motion

because only swapping the atomic bonds is needed to achieve motion.

(a) 60° dislocation kink (b) 60° dislocation jog

Figure 1.16: 60° dislocation kinks and jogs.
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At high temperatures, when high mobility of atoms is possible, and an out of equilib-

rium concentration of point defects is present, the dislocation can also migrate outside its

slip plane, thanks to a climbing process. Instead, at low temperatures, only the glide mo-

tion is active. Because several atoms need to be added or removed to make a dislocation

climb, such a motion is often called "non-conservative motion." Let’s consider a straight

dislocation line moved along its glide plane, as shown in Figure 1.16 (a); we can observe

that a kink connects two dislocation line straight segments. Indeed, the glide motion is

characterized by the formation of two symmetric kinks, followed by the migration in two

opposite directions. The migration of the kinks leads to an enlargement of the dislocation

line on the new position. Because vectors belonging to the family 〈110〉 are transnational

vectors for the lattice, the glide motion of a perfect dislocation leaves behind a perfect

crystal. Notably, partial dislocation glides by the formation of kinks, but they leave be-

hind a fault in the atomic stacking. Partial dislocation can create a stacking fault when

they migrate through a perfect crystal or remove it. The Burgers vector of the dislocation

determines the belonging to one of these two categories. That influences the motion of

partial dislocation. Indeed, they will not be able to cross stacking faults if they are of the

former class and cannot move outside faulted regions if they belong to the latter. Partial

dislocations are further subdivided into trailing and leading dislocations by means of their

velocity. Leading partial dislocations are faster than trailing ones, and a stacking fault is

encompassed in between them. Depending on the strain sign, the stacking fault encom-

passed by the two partials is longer or shorter because the trailing and leading dislocation

are inverted.

Figure 1.17: An edge dislocation in a simple cubic crystal. When it moves on its glide
plane by one lattice spacing (b) no atoms need to be inserted or removed. When it
moves perpendicular to its glide plane (c) a row of atoms (white spheres) needs to be
inserted.[20]
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The analogous of kinks are jogs in the climb motion. They allow one to connect dis-

location segments belongings to different parallel glide planes, as shown in Figure 1.16

(b). The climb motion is activated mainly because of the dislocation - point defects inter-

action. These point defects are vacancies and interstitial atoms.[2,21] The direction of the

climb motion is determined by the point defects that are present. Indeed, let’s consider

the Figure 1.17 (b) an edge dislocation in a cubic lattice can climb up if the row of white

atoms is inserted as in Figure 1.17 (c) (in this case, white atoms are a row of interstitials).

Instead, if we start from a configuration where white atoms are present (Figure 1.17 (c)),

and we remove them, the dislocation climbs upward (Figure 1.17 (b))(in this case, white

atoms are a row of vacancies).

As shown in Figure 1.17 (a), for the simple cubic crystal for simplicity, the glide does

require any change in the number of atoms to be obtained. Only a change in the bonding

of the atoms happens, whereas in the case of the climb, a line of vacancies or interstitial

is necessary to achieve motion. Often glide and climb are introduced as conservative and

non-conservative motion because of that.

Peach e Koehler Force

The interaction of dislocations with an external stress field has been studied by Peach and

Koehler from the physical and mathematical points of view in Ref. [22]. Let’s consider a

dislocation at ~r being ~b its Burgers vector. The dislocation is immersed in a stress field

described by the tensor σ. The dislocation has, therefore, interaction energy W . Note that

the stress field does not consider the stress field induced by the dislocation itself but only

the external contribution. Given an infinitesimal translation, d~s in an arbitrary direction

moves the dislocation to a new position ~r ′ where it possesses an interaction energy W ′,

the energy variation is hence:

∆E =W −W ′ (1.59)

As described in Section 1.2.2 it is possible to construct a cylinder centered in ~r with axis

d~s extended up to the crystal surfaces. The dislocation is obtained by cutting the crystal

on the cylinder surfaces and shifting the atoms of the solid inside the cylinder by~b. The

interaction energy W at~r with the stress σ can be calculated by estimating the work done

on the cylinder surface, during the displacement, by the stress σ. Similarly, the interaction
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energy W ′ can be obtained considering the cylinder at~r ′. As a consequence, the negative

work made by σ on the cylinder portion of the surface that has ~r and ~r ′ as the base is

∆E = W −W ′. Now consider that an element d~s ×d~l of the cylinder surface that has a

normal vector pointing outside the cylinder. The force acting on this element of area is

σ · (d~s×d~l ) and the work done by the force is~b ·
[
σ · (d~s ×d~l )

]
. By integrating the work on

the entire cylinder surface, we obtain the total work:

−∆W =
∫

l

~b ·
[
σ · (d~s ×d~l )

]
(1.60a)

the force acting on the dislocation along the direction d~s is therefore:

− ∂W

∂s
=

∫
l

~b ·
[
σ · (d~l × λ̂)

]
(1.60b)

where d~s = λ̂d s, d~l = ν̂dl with λ̂ and ν̂ unitary vectors. Because σ it’s symmetric, it’s

possible to write:

~Fα =−
∫

l

[
(~b ·σ) · (λ̂× ν̂)

]
dl (1.60c)

The integration is on all elements dl , therefore the function to be integrated can be inter-

preted as the α-th component of the force acting on the dislocation line and hence we can

write:

d~Fα =−λ̂ ·
[
ν̂× (~b ·σ)

]
(1.60d)

As a consequence, the resulting force d~F inside a stress field σ acting on an element ν̂dl

of a dislocation with Burgers vector~b is given by:

d~F =−ν̂× (~b ·σ)dl (1.60e)

This is a very general formula. The local stress field, acting on the dislocation, can

be generated from other dislocations, form the interaction with free surfaces, form the

epitaxial mismatch, or in general from any defect that produces a stress field. The total

stress is then given by the linear superposition of all these contributions. For a straight

dislocation line, the Peach and Koehler force is the following:

~FPK = (σ ·~b)×~ξ (1.61)
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where~ξ is the dislocation line. The Peach and Koehler force is always directed perpendic-

ularly to the dislocation line, as guaranteed by the vector product with~ξ.

1.3.4 Cross-slip

Figure 1.18: Snapshots of the so called cross slip (a), (b), (c). The direction
[
11̄1

]
is

common to both (111) and (11̄1) plane. The dislocation segment in S it’s free to glide in
both planes because has a screw character. The cross slip produces a non planar slip
surface. A double cross slip is shown in (d).

As a general rule, dislocation segments tend to move on specific crystallographic planes.

In crystals that have a zinc-blende/diamond lattice, most of the dislocations move on

planes belonging to the {111} family. Dislocation segments with a screw character can

go from one {111} plane to another plane of the same family provided that the Burgers

vector~b belongs to the new plane. This process, know as cross slip is shown in Figure 1.18.

In Figure 1.18 a dislocation line with Burgers vector ~b = 1
2 [1̄01] glides to the left on the

(111) plane under the action of an applied shear stress. The only other plane containing

this Burgers vector is the (11̄1) plane. Suppose that while the dislocation is gliding, a lo-

cal change in the stress that makes the dislocation move is encountered. Suppose now
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that the motion is easier along the (11̄1) plane instead of (111) plane. In opposition with

edge and mixed dislocations (that have an unique glide plane), a pure screw segment is

free to move on (11̄1) and (111) planes and therefore cross slip can happen at S (see Fig-

ure 1.18 (b)). Thereafter the dislocation is on the (11̄1) plane (Figure 1.18 (c)). A double

cross slip is shown in Figure 1.18 (d). Dislocation cross slip is experimentally observed by

transmission electron microscopy (TEM).[23]

1.3.5 Formation mechanism of misfit dislocations

As anticipated before, SiGe or Ge epilayers grown on silicon (001) substrates undergo a

strong compression in the (001) plane.† During the layer by layer growth, misfit disloca-

tions form at Si/Ge (SiGe) interface aligned in the [110] and [11̄0] direction with the extra

half-plane of atoms pointing toward the substrate.

Depending on the character of the dislocation, we have different efficiency in the re-

laxing of hetero-epitaxial strain. Screw dislocations do not have any extra plane of atoms,

and therefore they do not take part directly in the film relaxing. Instead, all those disloca-

tions that have an edge component do. The effectiveness of the strain relaxation depends

on the orientation of the Burgers vector: a 60° dislocation or a 90° dislocation better relaxes

the epilayer as bigger the Burgers vector is in its perpendicular component (~b component

perpendicular to dislocation line). As a consequence, the 90° dislocation is two times more

efficient in relaxing than 60° dislocation because the projection of the Burgers vector of a

60° dislocation on the growth plane is half that those of a 90° one.

In a bulk material, without defects, dislocation are closed lines (loops) where the Burg-

ers vector is conserved. Instead, in the case of a finite crystal, dislocation can terminate

at a free surface, forming the so-called semi-loops. One of the main mechanisms pro-

posed for the nucleation of dislocations is the formation of 60° dislocation loops at the free

surface.[24] Misfit dislocation can nucleate as loops/semi loops only in their glide planes,

and 90° misfit dislocation is thought to form as a reaction of two complementary 60° be-

cause their glide plane is (001), i.e., the substrate/film interface.[25–28] After the nucleation,

†In the following discussion, we will introduce dislocation loops and semi-loops to explain the formation
of dislocations. We will not consider cubic silicon carbide because the epitaxial strain is especially high in this
latter case due to a tensile lattice mismatch of ≈ 20% and dislocations form in a few atomic layers concept of
the loop itself, in this case, is non-trivial. Even though, in 3C SiC, when most of the strain has been relaxed,
dislocation loops can play a role.
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the hetero-epitaxial strain of the film acts on each segment of the dislocation loop, making

it expanding until it reaches the interface of the film with the silicon substrate. The loop,

which in effect is a semi-loop, can be seen as a composition of three main segments: a

misfit segment deposited at the film/substrate interface and two threading arm connect-

ing the defect at the interface with the free surface. The misfit segment has the character-

istics of a 60° dislocation because, as already stated, it is the most energetically favorable

dislocation to nucleate and can relax the epitaxial strain having an edge component. Dif-

ferently, threading arms are screw dislocations, where the dislocation line is directed in

the same direction of the Burgers vector. Being screw segments, they don’t relax the film,

but they deteriorate the crystalline structure; still, they have an essential role in extending

misfit segments and, therefore, in the relaxation process. It should be noted that a dislo-

cation semi-loop is nucleated so that the slipping part is in its interior. In the semi-loop

opening, an atomic step is formed, and detrimental defects are formed at the intersection

of the steps with the threading arms. Those defects form the so-called etch pits when the

free surface is treated with etching processes.

1.4 Stacking order in diamond/zinc-blende structure and poly-

typism

Many tetrahedrally bonded materials that have a diamond/zinc-blende structure can also

show a different structure. This is typical of materials such as the SiC, the GaAs and others.

This characteristic is called polytypism. It is common to identify each polytype (crystallo-

graphic phase) by considering the crystal as an assembly of tetrahedra.[29] A tetrahedron

arises out of the tetrahedral bonding of these materials, as shown in the top of Figure 1.19

(for SiC). Note that one of the bonds is parallel to the c-axis in Figure 1.19. In any of the

structures of tetrahedrally bonded materials, such as Si, Ge, diamond, GaAs, ZnS, etc.,

tetrahedra are joined to each other at their corners. Because the c-axis is taken to coin-

cide with one of the Si-C bonds, the triangular base of the tetrahedron opposite to this

bond is normal to the c-axis and defines a c-plane. Each c-plane can be formed either

by a tetrahedron (a) or (b) oriented as shown in top left of Figure 1.19. Indeed, rotating

the tetrahedron by 180° around the c-axis produces a different variant (a "twin" variant).
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Figure 1.19: Stacking order for tetrahedrally bonded materials. In the top row the
tetrahedra that compose a stacking sequence are shown with the c-axis aligned
vertically. The material considered in this sketch is SiC. The stacking sequencies are
shown for (a) 3C- (zinc-blende), (b) 2H- (wurtzite), and (c) 6H-SiC.

Note that the edges of the triangle base in a SiC tetrahedron are along the (1120) direc-

tions. Just as for a sphere in a close-packed assembly, a tetrahedron in an assembly of

corner-sharing tetrahedra can occupy one of the three sites on a c-plane; we shall indicate

these three sites as T1, T2, and T3, respectively. For the twinned variants the sites are T ′
1,

T ′
2 and T ′

3. Thus, a layer of tetrahedra can be denoted as a T1, T2, T3, T ′
1, T ′

2, or a T ′
3 layer.

Hence, the projection of a SiC tetrahedron and its twinned variant on a {1120} plane will

appear in the form of acentric triangles. Each of the tetrahedra is associated with a set of

widely spaced double sheets of carbon and silicon atoms. In each set, a sheet of silicon

atoms is located parallel to and above the sheet of carbon atoms. Following the Ramsdell

notation,[30] the silicon and carbon planes in a double sheet are denoted by Roman (A, B,

C) and Greek (α, β, γ) letters (or vice versa). Thus, a T1 tetrahedron can be associated with

an αA widely spaced double sheet of atoms passing through the centroid and the vertex

of the tetrahedron, respectively. Similarly the T2 and T3 tetrahedra are associated with βB

and γC double sheets of atoms (Figure 1.19). The variant of a tetrahedron, i.e. whether it

is T or T ′, is determined by its preceding double sheet in the cycle ...αAβBγC... Thus the
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αA double sheet is associated with a sheet of T1 tetrahedra if the double sheet preceding

it is the preceding set of letters, i.e. it is in the sequence γCαA. On the other hand, the αA

double sheet is associated with a sheet of T ′
1 tetrahedra if the double sheet preceding it is

the preceding set of letters (anti-cyclic order of letters), i.e. it is in the sequence βBαA.[29]

The various stacking sequence for 3C- (zinc-blende) 2H-, and 6H- SiC are shown in Figure

1.19 (a) - (c).

1.4.1 Single Stacking Fault

A single plane stacking fault (or Intrinsic Stacking Fault (ISF)) is an extended defects that

appears in diamond/zinc-blende structure when the conventional ordering of the crystal

...αAβBγCαAβBγC... is inverted in a single set of widely spaced double sheet of atoms.

E.g., ...αAβBγCαAγCαAβBγC... (planes with an anti-cyclic sequence are highlighted by

bold symbols). It corresponds to a twinning of the tetrahedra of a single c-plane, i.e., a

single 2H layer.

1.4.2 Double Stacking Fault

A double plane stacking fault (or Extrinsic Stacking Fault (ESF)) is an extended defects

that appears in diamond/zinc-blende structure when the conventional ordering of the

crystal ...αAβBγCαAβBγC... is inverted for two consecutive sets of widely spaced double

sheets of atoms. E.g., ...αAβBγCαAγCβBγCαA... (planes with an anti-cyclic sequence

are highlighted by bold symbols). It corresponds to a twinning of the tetrahedra of two

c-planes, i.e., single 3C layer twinned along its c-plane.

1.4.3 Twin - Triple Stacking Fault

A Twin is a triple plane stacking fault (or double Extrinsic Stacking Fault (2ESF)). It is an

extended defects that appears in diamond/zinc-blende structure when the conventional

ordering ...αAβBγCαAβBγC... is inverted for three consecutive sets of widely spaced dou-

ble sheets of atoms. E.g., ...αAβBγCαAγCβBαAβB... (planes with an anti-cyclic sequence

are highlighted by bold symbols).
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1.4.4 Anti Phase Boundary

An Anti Phase Boundary is a the extended defect that can appear at the border between

two crystalline regions that have the same structure, i.e., in our case the diamond/zinc-

blende structure, but have a different stacking order. It is the case, e.g., for SiC when two

separated regions of a growing crystal start with a different initial-specie layer because of

an atomic step on (001) substrates, or because a twinning in the sequence of layers on

(111) substrates.[31] Indeed, a mono-atomic step on a the Si (001) surface makes the two

regions divided by the step start with a carbon atom. On one side the carbon atom is

on top of the widely spaced layer, whereas on the other side it is below. The two regions

continue with a perfect structure, but their staking is made up by a sequence which differs

on the specie which is on top. For a growth on a (111) substrate, let’s consider the two

stacking sequences:
substrate︷ ︸︸ ︷
αAβBγC

film︷ ︸︸ ︷
αAβBγC (1.62a)

and,
substrate︷ ︸︸ ︷
αAβBγC

film︷ ︸︸ ︷
AαBβCγ (1.62b)

the two sequences start with a carbon (greek letter) or a silicon atom (roman letter). On a

Si (111) substrate both the sequences are possible, an therefore two separated region of a

SiC film can have a different ordering at their border an Anti-Phase boundary can appear

also in absence of any step.[32]

1.5 Materials: Ge and 3C-SiC on Si(001)

The materials that we consider in this Thesis are silicon carbide and germanium. Their

epitaxy on Si substrate represents the ideal test case for extended defect modeling via

classical molecular dynamics simulations. We have chosen Ge and 3C-SiC as prototyp-

ical materials because they cover two separate parts of the defect behavior spectrum in

an epitaxial system. The details that characterize each one of these two materials will be

discussed in the following two subsections.



Chapter 1. Theoretical background 38

1.5.1 3C-SiC on Si (001)

Silicon carbide is a group IV semiconductor. The strong covalent bonding between the

C and Si atoms characterize this material. It presents a tetrahedral structure formed by

a stoichiometric alloy of Si and C atoms. Each Si atom forms four bonds with its four C

first neighbors, but different lattice arrangements are possible beyond the first coordina-

tion sphere. SiC is indeed known to present a vast number of allotropes. Such property is

also known as polytypism. The ability to have many possible crystallographic structures

interested us because the evolution of extended defects can determine the mechanism

behind the transition between different SiC phases. In this Thesis, we will focus on the cu-

bic (3C) phase of SiC, being it the natural output of SiC growth on Si substrate. The 3C-SiC

has attracted the attention of the scientific community for many exciting properties that

it possesses. Many of them are determined by the high symmetry of the zinc-blende lat-

tice of the 3C phase. A reduced phonon scattering, the highest carrier mobility of SiC, and

outstanding thermal stability are only some of them.[33–35] Polytypism has important con-

sequences on crystallographic defects’ appearance. The different phases of SiC have sta-

bility which depends on the temperature, as demonstrated in Ref. [36]. Therefore, we can

expect to observe the generation of defects that introduce hexagonal inclusion inside the

cubic one at specific temperatures. These defects are the stacking faults. They generate

and propagate by the motion of another critical class of defects, the partial dislocations.

Other crystallographic defects frequently appears in 3C (or β-SiC growth on Si (001).

Between them the most commonly observed extended defects there are twins and Anti

Phase Boundaries (APBs). Because most of the APBs can be eliminate through well-known

experimental procedures, we will not focus on them in this Thesis. The presence of a con-

siderable strain also characterizes the epitaxy of 3C-SiC on Si substrate. A ≈ 20% misfit

exists between the SiC and the silicon lattice parameter. Being the strain tensile, it pre-

scribes the formation of partial dislocations and the dissociation of perfect dislocations.

For all the reasons stated above, the modeling of defects in 3C-SiC necessitates being im-

proved. It will be considered first, and most of this Thesis will try to give new insight into

3C-SiC extended defect modeling via molecular dynamics.
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1.5.2 Ge on Si (001)

Germanium is, for many aspects, on the completely opposite side of the defect behav-

ior spectrum. First, it possesses a diamond lattice structure. It is completely miscible

with Si (whereas SiC is stochiometric). It does not present a polytypism, APBs and twins.

Furthermore, epitaxial Ge on Si(001) is characterized by the presence of a compressive

strain, which intensity is around 4%. The compressive strain implies that the observation

of stacking faults in Ge is much rarer than in SiC, and most of the defects in the mate-

rial are perfect 60° or 90° dislocations. Ge is an excellent candidate to study strain release

mechanisms via the motion of extended defects. It represents a perfect case to investi-

gate the modeling of perfect dislocation glide and climb via classical molecular dynamics

simulations.
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Chapter 2

Modelling of extended defects in

solids

2.1 Classical molecular dynamics

Classical molecular dynamics (MD) is a computational technique used to calculate equi-

librium and transport properties of multi-body systems. In this context, the word "classic"

means that the motion of particles obeys the laws of classical mechanics. Such an ap-

proximation is an excellent one for a large set of materials.[37] To understand when quan-

tum mechanical effects must be taken into account, the quantum volume is often con-

sidered. The quantum volume is a measure of the extension of the wave-function of a

particle/atom/molecule; it is defined by considering the de Broglie length:

λdB = h

p
(2.1)

that, in the case of thermal vibration is equal to:

λT = hp
2πmKbT

(2.2)

hence, the quantum volume is defined as the quantity:

VQ ≡λ3
T (2.3)

If the quantum volumes of the particles overlap in a given system, we have that an overlap

of the wave functions exists and the effects of the symmetrization/anti-symmetrization of
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the total wave function (arising from the concept of indistinguishable particles) must be

considered.

Typically, quantum mechanical effects can be neglected if high density, small masses

(atoms and molecules like He, H2, D2) and very low temperature are not present.

Molecular dynamics simulations are very similar to real experiments. Indeed, when

preparing an experiment, one usually proceeds as follows:

• The material of interest is prepared.

• A sample of the material under investigation is connected to a measuring apparatus

(for example, a thermometer, a barometer, etc...).

• The properties of the material under investigation are measured for a certain time

period.

• If the measure is susceptible to statistical error, the more the measure is long, the

more it will be accurate.

In molecular dynamics, we proceed in the same way. First, the sample is prepared: a

system made up of N particles is selected, and Newton’s equations of motion are solved

until the system properties do not change anymore in time (equilibration of the system).

After equilibration, a measure of the properties that we want to obtain is done. In practice,

most of the common errors that can be done in a computer simulation are similar to those

that can be done in a real experiment.

To measure an observable in a molecular dynamics simulation, it is necessary to be

able to express such a quantity as a function of the position and momentum of the system

particles. For example, a convenient definition of the temperature in a multi-body classi-

cal system can be obtained from the equipartition of the energy on all degrees of freedom

that enter as a power of two in the system Hamiltonian. In particular, the mean kinetic

energy for each degree of freedom is:

〈
1

2
m v2

a

〉
= 1

2
KbT (2.4)

In a simulation, the equation 2.4 is used as an operative definition of the temperature. In

practice, one should measure the kinetic energy of the whole system and divide it by the
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number of degrees of freedom N f (= 3N −3 for a system of N particles with fixed momen-

tum*). When the total kinetic energy fluctuates, so does the instantaneous temperature:

T (t ) =
N∑

i=1

miv2
i (t )

KbNf
(2.5)

The relative fluctuations of the temperature will be of the order of magnitude of 1/√N f . Con-

sidering N f of the order magnitude of 102-103, statistical fluctuations are of the order of

5-10%. In this case, to have an accurate estimation of the temperature is mandatory to

mediate it on many oscillations.

In this Thesis, we studied a variety of systems in different conditions using the Large-

scale Atomic/Molecular Massively Parallel Simulator (LAMMPS).[38] LAMMPS is a classi-

cal molecular dynamics code for materials modeling. LAMMPS has the possibility to be

used with different potentials for solid-state materials (metals, semiconductors) and oth-

ers. We will use it to model atoms as a parallel particle simulator at the atomic scale with

a focus on extended defects at this scale. The use of LAMMPS is preferable to the use of

other engines because it easily enables one to run it on single processors or in parallel

using message-passing techniques and spatial decomposition of the simulation domain.

Many of its models have internal versions that provide accelerated performance on CPUs,

GPUs, and Intel Xeon Phis. The code is designed to be easy to modify or extend with new

functionality.[38]

2.1.1 Simulations set up

To make any simulation start, independently from the program used, it is necessary to

assign positions and velocities to each atom. The atomic positions of the particles have

to be compatible with the crystalline structure that is under investigation. In this work,

we always started from a configuration which is the diamond/zinc-blende lattice, i.e., an

fcc lattice with a bi-atomic base. The positions on the diamond/zinc-blende lattice are

a good starting point for an MD simulation, but in the case of most of the extended de-

fects, it results to be necessary to actually start our simulation from configurations that

*In truth, if the temperature is defined in the micro-canonical ensemble by
1

KbT
= ∂ logΩ

∂E
, with Ω the

number of states, we obtain that, for a d-dimensional system composed by N atoms with fixed momentum,

KbT is equal to
2E

d(N −1)−2
.
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are different from the ideal crystal. Indeed, extended defects appear in real systems after

nucleation processes that are very tricky. In semiconductors, they are rare processes that

happen with a frequency such that no MD simulation is big/long enough to observe it in a

reasonable time. It is therefore easier to create specific configurations with already some

defects inside.

Once the positions have been initialized; it’s necessary to establish the velocity for

each particle. This is done randomly assigning the velocities following a certain velocity

distribution that can be uniform, Gaussian, or even more complex. Let’s suppose for the

sake of simplicity that a uniform distribution is used. In the ideal case of infinite parti-

cles, the velocity distribution would be centered around 0. This is not guaranteed for a

finite number of particles whose velocities have been extracted randomly from the distri-

bution. Hence, the velocity distribution in such a system is centered around a non-zero

value; therefore, the system has a mean translation velocity 〈~vm〉 6= 0, and the whole sys-

tem would move. To avoid such an inconvenience is enough to remove ~vm to all the ve-

locities in such a way as to zero the total linear momentum of the system. An analogous

procedure is employed to zero the total angular momentum~L. In LAMMPS, this is done

by specific commands at the beginning of a simulation.

At the thermal equilibrium the following relation must stem:

〈v2
α〉 =

KbT

m
(2.6)

where vα is the α-th component of the velocity of a given particle. This relation can be

used to define an instantaneous temperature T (t ) at the time t:

KbT (t ) ≡
N∑

i=1

mv2
α,i(t )

Nf
(2.7)

Clearly, it is possible to adjust the instantaneous temperature T (t ) in such a way that

it corresponds to a desired temperature T scaling the velocities by a factor (T /T (t ))1/2.

This first set of the velocity is not very critical because the temperature will change in the

course of the equilibration. Other techniques are used to maintain a specific temperature

and pressure of interest. They will be described in section 2.1.4.
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As will be discussed later, in most of the simulation algorithms, the velocity of a parti-

cle is not used to solve the equations of motion. Instead, the particle positions at the actual

time step x and the position at the preceding one xold are combined with the knowledge

of the force f acting on the particles to establish the positions at the next timestep. When

a simulation is started for the first time, such a procedure is forced, generating fictitious

preceding positions. Indeed without any particular consideration on what laws of the me-

chanics are involved, the position xold of a particle i is approximated to be :

xold(i ) = x(i )− v(i ) ·d t (2.8)

Clearly, it is possible to establish a more rigorous preceding set of particle positions, but

these are only the initial step of a simulation, and therefore this procedure is not so critical.

2.1.2 Force calculation

In this section, we will discuss the part of a MD program that takes the most of the time

in the computation: the calculation of the forces acting on each particle. Let’s consider

the simple case of a pair interaction. To compute the force acting on each particle, it is

necessary to consider the contribution given by the interaction of the particle with all the

surroundings. Only considering the interaction of the particle with the other closest one or

the closest virtual image of another particle †, for a system made by N particles, is neces-

sary the calculation of N×(N−1)/2 pairs of distances. That means that, without particular

precautions, the time required for the force calculation scale as N 2.

Let’s consider how force calculations are made. As a first operation, the distances for

each couple of atoms i and j are computed, if the calculated distance is higher than a

specific cutoff value rc , then, between particle i and particle j , there will not be any in-

teraction. Otherwise, if a particle is close enough to interact, the interaction strength is

calculated by computing the force acting on the two particles as well as the contribution

to the potential energy. Considering only the force component along the x direction we

†In the case of a cell with periodic boundary conditions, for each particle, the distance from a given parti-
cle is not unique because multiple virtual images exist of the same particle, as will be discussed in the section
2.1.2.



Chapter 2. Modelling of extended defects in solids 45

have, in the case of a simple pair interaction:

fx(r ) =−∂V (r )

∂x
(2.9)

The forces that act on a single particle are calculated by adding all the contributes

given by the particles not further away than a fixed cutoff radius so, in truth, it is only the

time spent for distance calculation that scales as N 2 not the calculation of forces. A tech-

nique that is used to reduce a lot the simulation time is the so-called Verlet cages method.

This and many other tricks to reduce simulation time are implemented in LAMMPS.

Neighbors list and Verlet Cages

The Verlet cages method allows reducing the number of calculations to compute the forces

of the system by a factor ≈ N . Let’s suppose to assign an index I D to each atom. At the

first calculation of the force, it is necessary to compute the distance of each atom i from all

other atoms. At this point, atoms within the cutoff radius are selected, and the interactions

are computed. Those atoms are usually called the neighbors. It is now possible to list on

a table which are the neighbors of the atom i . In such a way, in principle, at the next

force computation, it will not be necessary to compute the distance between each atom

i and all the other but only that between it and its neighbors. By iterating the operation

of neighbors identification for all the atoms, creating a neighbors list, the number of the

operations needed for the dynamics cycle would scale down from ∝ N 2 to only ∝ N .

There is a non-negligible inconvenient; this method does not take into account in any

way that some atom which is not in the neighbor’s list of an atom i , at a time t could,

by moving, become closer to the atom i than the cutoff radius at a time t ′. Because this

atom is not in the neighbor’s list of the atom i when calculating the forces acting on i at

the next step, that atom would be ignored, leading to an error in the computation of the

interactions. Such an atom that has migrated unobserved to atom i will be named ghost

atom in the following.

A simple solution exists for such an inconvenient, the so-called Verlet cages. At the first

cycle, the neighbor’s list is created as described above, but are considered to be neighbors

of atom i those atoms that are at a distance lower than rv equal to the cutoff distance rc
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plus a small margin rskin. The neighbor’s list now contains more atoms than those that ac-

tually interact with atom i . This margin contains some atoms that are under strict surveil-

lance, indeed at each step also the distance of those atoms is computed in such a way that

if they come closer than the cutoff radius, they are taken into account for the interaction.

Now, let’s consider the atoms that can become ghost atoms; they are at least at a distance

higher than rskin from the inner boundary rc , which is the limit of the interaction. To never

commit errors in the interaction calculation is sufficient to verify that no atom has moved

more than the watch distance rmax = rskin since the last time the neighbor’s list has been

constructed.‡ If that has happened is only sufficient to compute the neighbors again and,

therefore, the distance of the atom i from all other atoms in the simulation. In truth, to

take into account the reciprocal motion of atoms is appropriate to set as watch distance

rmax = 1/2 rskin.

Periodic Boundary conditions

(a) Elementary cell of the zinc-blende. (b) Virtual images: PBCs along y .

(c) Virtual images: PBCs along x. (d) Virtual images: PBCs along x, y .

Figure 2.1: Elementary cell of the zinc-blende lattice with virtual images determined
by periodic boundary conditions.

‡Therefore any time that the neighbors are computed it is necessary to save the reference positions of
atoms to compute the maximum displacement
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Often the systems under investigation are composed of an enormous number of atoms.

In effect, the order of magnitude is that of a mole, i.e., NA = 6.022× 1023. It’s difficult to

imagine that it will ever be possible to simulate such a high number of atoms or molecules.

Systems composed by a limited number of atoms § have a surface/volume ratio that is

completely different from that of a bulk solid. The size of the systems that can be simu-

lated in their totality extends up to tenth or hundreds of nm.

In this sense, it is possible to introduce Periodic Boundary Conditions (PBCs) that

make the system infinitely extended in specific directions. Let’s consider for simplicity

the uni-dimensional case, i.e., a row of N atoms that extend for a length Lx on the x axis.

The atoms at the left and right boundary result in being under-coordinated and are, in all

the senses, superficial atoms. Instead, if we imagine bending and connecting the atoms

at the edges to form a ring, we have that none of the atoms is under-coordinated. In order

to obtain such a condition at the boundary is possible to redefine the distance in the x

direction, d̃x, as the minimum between the Euclidean distance dx and the virtual distance

dx −Lx. In a mathematical form:

d̃x = dx −Lx ·
⌊

dx

Lx

⌋
(2.10)

where bxc is the integer part of x. In three dimensions the operations to make the system

periodic are the same, i.e. is necessary to redefine the distance in all three directions.

In topology the created system is the three-dimensional boundary of a four-dimensional

torus. In Figure 2.1 a conventional cell of the zinc-blende lattice is shown together with

its periodic images as determined by the imposition of periodic boundary conditions in x

and y directions.

2.1.3 Series expansion of the potential

Given a system composed of N atoms, in general, the total potential energy can be written

as series expansion of n-bodies potentials:

U =∑
i

V1(ri)+
∑
i 6=j

V2(ri,rj)+
∑

i 6=j 6=k
V3(ri,rj,rk)+·· · (2.11)

§A record of 110 billion atoms were simulated setting up a record[39] which is negligible with respect to a
mole.
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where r1,r2, · · · ,rn indicate atomic positions. The first term V1 is a single-particle poten-

tial related to any external potential acting on the whole solid, V2 is the two-body term,

V3 the three-body, and so on. Stopping the expansion at V2 as in the preceding section

is sufficient for the description atomic interaction that depend only from the distances∣∣rj − ri
∣∣, that’s the case for ionic bonds and noble gasses interactions, where we have a

Van der Waals interaction. When studying an atomic system of covalent solids, pair po-

tentials are not enough. Indeed covalent bonds are characterized by the superposition of

valence electron orbitals, which do not depend only on atomic distances but also on the

bond direction. For these systems, it is necessary to consider also the three-body term V3,

which not only takes into account the atomic distances but also takes into account also

the angles formed by triplets of atoms ri,rj,rk. A detailed analysis of the potential function

for each material that has been investigated in this Thesis will be discussed later in this

chapter.

2.1.4 Motion equations time-integration

Once the forces have been computed for all the particles, it is possible to integrate New-

ton’s equations of motion. A variety of algorithms have been realized with the aim of effi-

ciently integrating them. We will discuss some of them in detail.

Verlet algorithm

One of the simplest but also one of the best algorithms used to integrate Newton’s equa-

tions of motion is the Verlet one. Such algorithm can be obtained directly by making a

Taylor series expansion of the position of a particle at the time t ,

r (t +∆t ) = r (t )+ v(t )∆t + 1

2

f (t )

m
∆t 2 + 1

3!
...
r (t )∆t 3 +O (∆t 4) (2.12a)

e similmente,

r (t −∆t ) = r (t )− v(t )∆t + 1

2

f (t )

m
∆t 2 − 1

3!
...
r (t )∆t 3 +O (∆t 4) (2.12b)
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Adding the two equations, the following is obtained:

r (t +∆t )+ r (t −∆t ) = 2r (t )+ f (t )

m
∆t 2 +O∆t 4 (2.12c)

in another way:

r (t +∆t ) = 2r (t )− r (t −∆t )+ f (t )

m
∆t 2 +O∆t 4 (2.12d)

The estimation of the new position contains an error which order of magnitude is ∆t 4,

where ∆t indicates the timestep used in the molecular dynamics calculations. From equa-

tion 2.12d it is evident that the Verlet Algorithm doesn’t use the velocity of a particle explic-

itly to calculate the new position. The velocity, however, can be derived from the knowl-

edge of the trajectory, using:

r (t +∆t )− r (t −∆t ) = 2 v(t )∆t +O (∆t 3) (2.13a)

moving v(t ) to the left and by dividing by ∆t ,

v(t ) = r (t +∆t )− r (t −∆t )

2∆t
+O (∆t 2) (2.13b)

This expression of the velocity is accurate with a precision which is of the order of

∆t 2. However, a more accurate algorithm for the calculation of the velocity exists (they are

usually important for the calculation of kinetic energy), still compatible with the Verlet

algorithm (equation 2.12d).

Once the new positions have been computed, the old ones at the time t −∆t can be

discarded. Now the current positions become the old ones, and the ones just computed

become the current ones. At this point, the system properties such as energy and tempera-

ture can be calculated. It should be noticed that a molecular dynamics code that operates

in this way should preserve the energy of the system because the simulation generates

system trajectories consistent with the micro-canonical ensemble. A molecular dynamics

simulation is considered to be valid when the relative error in the conservation of energy

is below 10−5. In the micro-canonical ensemble, the number of particles, the volume,

and the energy are constant; it is usually indicated as the (NVE) ensemble. Instead, in
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real experiments is the temperature that is controlled rather than the energy. The cor-

rect ensemble used to describe the real experimental conditions is the canonical one. A

variety of methods exist to maintain the temperature constant in a molecular dynamics

simulation. The most popular ones are the velocity rescale, the Andersen thermostat, the

Nosé Hoover thermostat, the Berendsen thermostat and the Langevin dynamics. The point

of these techniques is to have the canonical distribution: it means to fix the mean value

of the temperature of the system under consideration while allowing fluctuations of the

temperature with a typical canonical distribution at the same time.

Nosè Hoover thermostat

In the approach proposed by Nosé an Hamiltonian with an extra degree of freedom is in-

troduced, s, which is the thermal bath:

H (P,R, ps , s) =∑
i

~p2
i

2ms2 + 1

2

∑
i, j
i 6=j

V (~ri −~rj)+
p2

s

2Q
+ g KbT l n(s) (2.14)

where g is the number of independent degrees of freedom of the system, R and P are all

the coordinates in the phase space ~ri and ~pi and Q is an imaginary mass. The R and P

coordinates and the time t in this Hamiltonian are virtual. They are related to the real

coordinates by:

R ′ =R

P ′ =P

s

t ′ =
∫ t 1

s
dτ

(2.15)

Where the superscript ’ indicates the real coordinates. It should be noted that the average

in the Hamiltonian, introduced for g = 3N coincides with the average of the canonical

ensemble. The principle behind equations 2.15 is that the time and the momentum are

scaled by a factor s, as described by equations 2.15, in such a way that a thermal-regulation

exists, as compatible with the presence of a thermal bath.
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2.1.5 Geometrical optimization: minimization

A procedure always implemented in most molecular dynamics simulations is a geomet-

rical optimization of the atomic configurations by a minimization of the potential energy

of the system. To have a good simulation is very important that atoms, at the beginning of

the simulation, should be placed in such a way that the system is close to a relative min-

imum of the potential energy. That’s is needed because, if this stands, the potential will

behave as a harmonic potential, and because of the equipartition theorem, the system will

exchange half of its kinetic (thermal) energy into harmonic potential energy. Using this

trick, the choice of the distribution of starting velocities will not be so much important

because, after an initial equilibration, the system will evolve, gaining a velocity distribu-

tion analogous to the Maxwell-Boltzmann distribution. Also, starting from non-minimum

configurations can lead to bad dynamics. For example, if in the starting configuration two

atoms are overlapping, the force between them is gargantuan, and integrating the motion,

it’s possible that the timestep result to be too large (even if it was chosen in a reasonable

way) and is therefore possible that the next computed position is again to close to other

atoms (indeed in between two positions there is no intermediate calculation of the forces)

causing a chain reaction. In order to avoid such situations, the starting atomic positions

are modified, exploring multiple configurations to discover those that are close to a local

minimum of the potential. Many different methods can be used to minimize atomic con-

figurations; between them, the Steepest Descent and the Conjugated Gradient method are

the most notorious ones. The use of these techniques is of extreme importance even if the

atomic positions in the crystal are artificially modified.

Steepest Descent Method

The Steepest Descent (SD) method consists in making the entire system move in the con-

figurational phase-space alongside the direction which is opposed to the energy gradient.

To obtain this, each atom is moved by a little step in the direction of the force calculated on

it. The system will reach a local minimum when the energy gradient tends to zero. There-

fore a SD code should impose that the maximum values of the energy and of all force

components are below a determined threshold. The algorithm operates as is sketched as

follows.
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1. Being known the atomic positions~xi the total energy Uold and the force acting ~fi on

each atom are computed using the considered potential.

2. The atomic positions are updated following:

~xi =~xi + c~fi (2.16)

where c is a factor of an order of magnitude of 10−2/10−3 which allows to displace

the atoms by a small distance.

3. If the total energy Unew of the new configuration is less than Uold, the procedure is

repeated with the new coordinates; otherwise, the c factor is divided by two, and the

coordinates before the displacement are re-considered.

Conjugated Gradient method

Figure 2.2: Comparison between the Steepest Descent (in white) and the Conjugate
Gradient (in red) methods. The color-bar represents a potential energy along with its
contour lines.

The Conjugated Gradient (CG) method is very similar to the SD one, but it differs from

it because, at each iteration, the energy gradient is combined with the information of the

preceding iteration to set up a new exploration direction of the configuration which is that
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perpendicular (conjugated) to the preceding exploration direction. Such an algorithm is

faster than the SD one that still is more reliable in some situations. In Figure 2.2 a com-

parison between the two methods is shown.

2.2 Analysis of atomic configurations

One of the most interesting aspects of MD is that it is possible to follow single atoms tra-

jectories during the simulation. This is possible by making the MD program print atomic

position at each step to a file. One simple example is the diffusion of adatoms on a sur-

face, which result not of particular difficulty. On the contrary, extended and in general,

all defects are not so easy to be identified and visualized in their motion and evolution,

being them a defect of the lattice, not a group of atoms. For example, it is not possible to

follow the motion of a dislocation by following the motion of a group of atoms. Indeed the

dislocation is a defect of the crystal, and when it glides, the motion is given by a change in

the bonding of atoms of the dislocation core, not by the motion of atoms as described in

section 1.3.3.

To deep explore the phenomena and the physical processes that happen inside ma-

terials with defects, the right instruments need to be used. In this Thesis, to analyze

atomic configurations and to obtain the relevant properties of the solids, multiple algo-

rithms have been used. Most of them were instructions for the Open Visualisation Tool

(OVITO), a specific software for the analysis of atomistic simulation, with a great focus on

the analysis of crystalline structure with crystallographic defects. The software has been

developed by Stukowski at the Technische Universität of Darmstadt.[40] The action of the

main analysis algorithm used for this Thesis will now be described in detail.

2.2.1 Displacements

In Chapter 1 the displacement field was introduced, form equation 1.1 one can easily ob-

tain that the displacement field is given by

~u(x) = ~X −~x (2.17)
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where ~X are the displaced positions and ~x are the original position before the deforma-

tion. Given a configuration, to compute the displacement of each atom is enough to sub-

tract from the actual position ~Xi the reference position ~xi. It is therefore of fundamental

importance that the MD program prints to a file the reference atomic positions together

with a unique identifier for each atom, the atom ID

To use the concepts of linear elasticity theory in the study of extended defects via MD,

one should translate the displacements field into the other mathematical entities of the

linear elasticity theory.

2.2.2 Elastic Strain

To compute the elastic strain, we used the OVITO "Elastic strain calculation" in-

struction. This instruction tells OVITO to analyze the local distortion of a crystalline lattice.[41]

The gradient of the elastic deformation is the tensor ¯̄Fel, it is related to the gradient of the

elastic displacement ~uel as follows:

¯̄Fel =∇uel + I d (2.18)

¯̄Fel transforms the vector of the positions of a strain free, ideal lattice into the vector of the

physical positions at the instant of the simulation that is under consideration, as follows:

∆~x = ¯̄Fel ·∆~X (2.19)

where ∆~X is a column vector of the ideal lattice and ∆~x is the corresponding vector in the

elastically deformed crystal. The calculation of the elastic strain does not require any ref-

erence configuration; it only requires that the ideal unitary cell of the crystal is set, in such

a way that it can be used as a base to build an ad-hoc reference configuration. The elas-

tic deformation is obtained from the comparison of the actual atomic position with those

of the virtual reference. OVITO also allows the computation of the atomic strain (which

is not purely elastic) through the modifier "atomic strain." It determines the total de-

formation for each atom from the displacement of its relative neighbors with respect to a

given reference configuration.
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The elastic strain tensor can be computed only for those atoms for which it is possi-

ble to locally map the neighbors in the ideal lattice. In practice, this is the case of atoms

placed in a structure similar to that of the ideal lattice. OVITO identifies those atoms in

an intermediate step using common neighbor analysis and crystalline structure analysis

methods. Atoms in a strongly deformed environment, like, for example, the atoms of the

dislocation core, on a surface and at grain boundaries, are excluded from the computa-

tion. To these atoms, a zero elastic strain value is assigned.

A elastic strain tensor can be calculated from the gradient of the elastic deformation

tensor, calculated for each atom. Two options are possible:

Strain tensor in spatial frame

A first option is to chose the instruction "Strain tensor in spatial frame", in this

case the Eulerian-Almansi finite strain tensor is computed, it is defined:

ε= 1

2

[
I d − ( ¯̄Fel)

−t ( ¯̄Fel)
−1

]
(2.20)

This elastic strain tensor describes the elastic deformation in the coordinates reference

system of the simulation. For example, the εxx components are the axial strain alongside

the x axis of the reference system of the simulation. One advantage of this choice is that it

does not suffer from any of the ambiguities described in the following.

Strain tensor in lattice frame

Instead, if the "Strain tensor in lattice frame" convention is considered, the elas-

tic Green-Lagrangian strain tensor, defined as:

ε= 1

2

[
( ¯̄Fel)

t ( ¯̄Fel)− I d
]

(2.21)

Such elastic strain tensor describes the elastic deformation in the coordinate reference

system of the lattice. The εxx component is the axial strain alongside a 〈100〉 direction of

the crystal. In OVITO, the direction is identified automatically, arbitrarily choosing one

of the directions of the family 〈100〉. Because in cubic crystals, the [100], [010], and [001]

directions are exchangeable, that raises ambiguity.
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2.2.3 Dislocation Analysis (DXA)

Dislocations are defects of the crystalline structure; their visualization in an atomistic sys-

tem is not trivial, in particular for non-straight dislocations. OVITO provides specific rou-

tines for the identification of such defects: the "Dislocation Analisis (DXA)" mod-

ifier. This routine implements the so-called Dislocation Extraction Algorithm (DXA), a

computational method developed by the OVITO author, Stukowski. The method used to

extract dislocations is described in article.[42] The actual implementation in OVITO fol-

lows the newer and more general approach in the successive article.[43] The DXA algo-

rithm transforms the original atomic representation into another representation made up

of line networks. Thereafter, it determines the Burgers vector of each dislocation segment,

and it identifies the dislocation line interactions. The algorithm is able to recognize partial

dislocations and some secondary dislocation of grain boundaries (the so-called twinning

dislocations in fcc crystals).

DXA Algorithm

The fundamental concept behind DXA is the construction of the Burgers Circuit,[15] which

is the usual method proposed in the fifties to discriminate the dislocations from other

crystallographic defects and to determine their Burger vector. The formulation is that pro-

posed in Section 1.2.1, the Burgers circuit C is a path in the dislocated crystal that consists

in a sequence of step ∆x from atom to atom, Figure 1.5 has been reported here to ease the

reading.

The Burgers vector ~b is the failing of the tentative of closing the circuit after having

transferred it in the perfect crystal. Instead, if~b = 0, the Burgers circuit does not enclose

any defect with dislocation character, de-facto ignoring the possibility that the Burgers

circuit is enclosing more than one dislocations that have Burgers vectors that sum up to

zero.

The automatic identification and analysis of extended defects inside the crystalline

lattice, an efficient strategy to build the Burgers circuit, has been implemented in OVITO.

In DXA algorithm, the problem is solved by making a Delaunay tessellation of the dislo-

cated crystal (Figure 2.4 (a)). The edges of such tessellation define the ensemble of the

atomic step that will form the Burgers circuit. First, before going on and building any
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(a) Burgers circuit referred to the perfect
crystal.

(b) Burgers vector in a real crystal with a
dislocation line ~ξ. The dislocation line is
normal to the page plane.

Figure 2.3: Burgers circuit in a crystal with and without a dislocation. It starts from
point S and end in F. In the perfect crystal an additional vector equal to~b is necessary to
close the circuit..[40]

(a) Delaunay tessellation of an imaginary dislocated crystal. Defect core atoms as iden-
tified by a structure identification are shown in a darker hue.

(b) Colored arrows indicate the mapping of tessellation edges to
corresponding ideal lattice. Bad tessellation elements, for which the
mapping to the perfect reference lattice cannot be determined, have
been marked with a gray filling.

(c) Color legend for the
eight different ideal lat-
tice vectors appearing in
(b)

Figure 2.4: Delaunay tessellation of a dislocated crystal.[40]

Burgers circuit, the algorithm tries to map each edge of the Delaunay tessellation in a

point of the ideal lattice that can correspond to it (Figure 2.4 (b)). The latter operation

is done thanks to the "Common Neighbor Analisis (CNA)" method. The CNA method
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identifies which atom forms a perfect crystalline lattice elastically strained.

Inside the dislocation’s core, the atomic ordering strongly deviates from that of a per-

fect crystal. Hence, the CNA will identify the core atoms as non-crystalline atoms. All the

tessellation edges which are adjacent to these atoms will be labeled as "bad" tessellation

edges by the DXA algorithm, and they will be excluded from the building of the Burgers

circuit. On the contrary, good tessellation regions will be all the regions of the dislocated

crystal where the mapping to the perfect crystal is not ambiguous. In effect, the DXA sub-

divides the crystal in "good" and "bad" regions with this spirit in mind, as shown in Figure

2.4 (b).

A this point, the only step remaining is the problem of how efficiently to build trial

Burgers circuits to find and classify dislocations. The total number of all the possible

closed circuits in a three-dimensional crystal is prohibitive; it’s of main importance to

considerably reduce the search space. The solution is clearly given by the definition just

introduced of good and bad regions of the crystal. It defines a boundary surface between

the two regions. In a three-dimensional system, this boundary is called interface mesh and

is made up of those triangular faces of the Delaunay tessellation that are faces of a "good"

tetrahedron on one side and of a "bad" one on the other side.

The interface mesh, shown in Figure 2.5, is a bi-dimensional manifold that surrounds

all the crystal defects (including some point defects, grain boundaries, and free surfaces).

Building sequential trial Burgers circuits on this surface made up of triangles is enough

Figure 2.5: Illustration of the dislocation line extraction phase of the DXA. After the
built of the interface mesh, that surrounds the defect core atoms, the algorithm uses a
Burgers circuit on the interface to extract the dislocation line. While the Burgers circuit
advances step by step, triangle by triangle, a continuous dislocation line is produced as
a representation of the extended defect.[40]
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to discover all the dislocation with a non-zero Burgers vector. The DXA generates trial

circuits on the interface mesh, which are a sequence of edges of the Delaunay tessellation.

The Burgers vector for each circuit is calculated as defined by equation 1.37 on page 15,

summing the corresponding vectors in the ideal crystal determined at the first step of the

DXA algorithm.

The DXA algorithm enumerates all the possible circuits on the interface mesh in as-

cending order by their length until a non-zero-Burgers-vector circuit is encountered. This

trial circuit is thereafter used as a seed to find the rest of the dislocation line. It is done

making the circuit advancing on the interface mesh, unveiling the dislocation line as shown

in Figure 2.5. A mono-dimensional line representation is generated by calculating the cen-

ter of each circuit while it advances alongside the manifold. While the circuit advances

alongside the dislocation segments, it’s possible that it locally expands to follow larger

core sections, for example, in the presence of kinks and jogs. To avoid the extraction of

dislocation lines from segments that have already been extracted or from interfaces, an

upper limit can be specified using the parameter Circuit stretchability which spec-

ifies the maximum length of the circuit.

2.2.4 Vacancy and point defects identification

The identification of point defects is useful to study climbing mechanisms. That is possi-

ble in OVITO using the Wigner-Seitz defect analysis (WS) function.

This OVITO instruction is able to identify point defects in crystalline structures using

the so-called Wigner-Seitz cell method. It makes it possible to count vacancies and inter-

stitials in a virtual cell or to track their motion inside a crystalline lattice.

In Figure 2.6 it’s possible to follow the subsequent description of WS method. The WS

method requires two frames of the atomistic system as input: the reference configuration

(e.g. Figure 2.6 (a)) and the displaced configuration (e.g. Figure 2.6 (b)). The first one

defines where atoms would be located in a defect-free state of the crystal. In the first con-

figuration, every site is occupied by exactly one atom. The configuration that we want to

analyze is the "displaced" configuration. By direct experience, we found that, for visual-

ization purposes, it’s useful to make an affine transformation of the displaced simulation

cell in such a way that it perfectly matches the reference configuration (as in Figure 2.6 (b),
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(c). Similar results can be obtained using setting the OVITO parameter "Affine mapping"

to on, but in the case of simulations in which only one direction changes, our approach

resulted to work better.

To describe how the identification process works in OVITO, we follow a simple termi-

nology: reference configuration atoms will be denoted as atomic sites (or simply sites),

while atoms from the displaced configuration will be called simply atoms. The reference

configuration specifies where atoms are supposed to be; if an atom is located on or close

to a site, we can say that the site is occupied by the atom as shown in Figure 2.6 (d).

The WS cell method determines atoms-sites occupation and create a property called

"occupancy" (Figure 2.6 (e), (f)). Using this method, every atom will be assigned to one

site. Sites may be occupied by no atom, one atom, or more than one atom. We call these

sites vacancy, normally occupied and interstitial sites, respectively.

The partitioning of the reference configuration is done by creating many Wigner-Seitz

cells as the number of atoms in the configuration. Each atomic site defines the center of

a Wigner-Seitz cell (or equivalently, a Voronoi cell). Any atom that is located within the

Voronoi cell of a site belongs to that site.

Mathematically, the Wigner-Seitz (Voronoi cell) is the region of the space made up by

the points that are closer to the point at the center of the site than to any of the other sites.

Points exactly on the borderline between two Wigner-Seitz cells have exactly the same

distance from the two site centers.

Actually, to determine in which cell a given atom is located, it is enough to determine

what is the closest site and the WS algorithm never has to construct the geometric shapes

of the WS cells.

The number of atoms in the two configurations doesn’t need to be the same. But when

they are, the number of vacancies and the number of interstitials will match. That’s be-

cause, in this case, the sum over all occupancy numbers is equal to the number of sites in

the reference.

2.3 Creation of atomic configurations

In the study of defects via molecular dynamics, the starting atomic configurations need

to be prepared in advance. Specific details of how simulations starting configurations are
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(a) Wigner-Seitz partition-
ing of the reference configu-
ration.

(b) Displaced configuration. (c) Affine transformation of
displaced configuration.

(d) Assignment of each
atom to one site.

(e) Site occupancy. (f) Atom occupancy.

(g) Selection of atoms with occupancy
equal to one.

(h) Visualization of vacancies (yellow),
interstitials (purple) and other atoms
(light blue).

Figure 2.6: Point defects identification using Wigner Seitz analysis.[40]

prepared will be discussed punctually for each result/simulation presented in the next

chapters of this Thesis. A brief description of the general procedures used will be given

here below.

2.3.1 Supercell approach

The region that contains all the atoms of a simulation is usually called simulation box. The

shape of this region typically is a rectangular prism which edges are big enough to contain

all the atoms that one wants to simulate. As anticipated in Section 2.1.2, it is not possible
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to simulate the complete extension of a real solid, and PBCs are used. To simulate thin

epitaxially grown thin films on Si substrates, PBCs are applied. Most of the simulations in

this Thesis were performed using the slab approach, and PBCs were applied in the two di-

rections perpendicular to the deposition plane normal direction.[44] The height of the film

is typically small and few nms are enough to represent a relevant part of the epitaxial film

without making the computational cost too high. The substrates on which the thin films

are grown have variable thickness, but a trick allows to simulate only a limited number of

substrate atoms, reducing the computational time. It consists of the simulation of only a

few tenths of monolayers (MLs) of atom substrates. To make sure that few MLs of atoms

behave like a thick substrate, the few bottom layers of substrate atoms are kept fixed to

ideal bulk positions.

Reference system

The cell is created by placing atoms with the species of the material under investigation in

the positions determined by the chosen lattice and its orientation. The lattice can be arbi-

trarily oriented with respect to the simulation cell axes. Thin films which we investigated

in this Thesis are usually grown on the [001] surface of Si; therefore, the lattice is conve-

niently oriented in such a way that one of the 〈100〉 directions is aligned alongside one of

the simulation cell reference system axes. In our case, we have chosen to align the [001]

direction alongside the z box axis. It is helpful to orient the other two crystallographic di-

rections in such a way that the x and y axes of the box are alongside the 〈011〉 directions.

In this way the dislocation line directions in the diamond/zinc-blende lattice~ξ = [1±10]

are parallel to one of the box axes.

In the simulation box the crystallographic directions must form a right-handed triad

and are aligned as follow:

• x axis parallel to the [11̄0] direction

• y axis parallel to the [110] direction

• z axis parallel to the [001] direction

The Burgers vector in the new reference system are given by:
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a

2


bx

by

bz

= αp
2


1

−1

0

+ βp
2


1

1

0

+γ


0

0

1

 (2.22)

Where a is the lattice parameter, bx, by and bz are the components of the Burgers

vector in the canonical reference system, while α, β and γ are the ~b components in the

new reference system. The components of the Burgers vector in the rotated reference

system is given by the system of equations:



α=p2
a

2

(
bx − 1

2 (bx +by)
)

β=p2
a

2

(1
2 (bx +by)

)
γ= a

2
bz

(2.23)

2.3.2 Tilted cell

It’s possible to simulate non-orthogonal boxes. This possibility is helpful when one wants

to take advantage of special orientation of box axes. For example, consider a generic

〈111〉 direction (which is the direction of misfit dislocation glide planes and stacking faults

planes), if the box has the usual orthogonal shape aligned with the axes aligned respec-

tively alongside the [1̄10], [110] and [001] directions, none of the 〈111〉 direction is aligned

with one of the axes. That’s a problem if one is interested in the study of infinitely long

threading arms or SFs which are aligned with 〈111〉 but wants to have the z cell axis aligned

with the conventional [001] direction. Tilting the cell edges also allows to create small cells

with PBCs along all three directions that don’t have internal stress due to non-zero Burgers

vector defect at their interior.[20] Due to PBCs, the simulated system is not influenced by

the tilting of the periodic face.

2.3.3 Straight dislocation lines insertion

The output of the supercell box creation is a text file containing all the positions and the

properties of the atoms of the system under investigation. The atomic positions are the
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perfect, ordered ones of the diamond/zinc-blende lattice. To simulate extended defects

such as dislocations and SFs, it’s necessary to manually introduce them in the crystal.

A straight dislocation line is inserted in the crystal applying the corresponding dis-

placement field. A dislocation aligned alongside the~ξ direction, with an arbitrary Burgers

vector~b, can be inserted in a virtual crystal using the displacement fields of the linear elas-

ticity theory described by Equations 1.48 and 1.40 on page 18. Once the directions of the

dislocation line~ξ and of the Burgers vector~b specific instructions tell OVITO to operate as

follow:

Figure 2.7: Burgers vector decomposition into the two components~b∥ and~b⊥.

1. The Burgers vector is decomposed into two components, one parallel to~ξ one per-

pendicular.

~b∥ =~b ·~ξ (2.24a)

~b⊥ =~b −~b∥ (2.24b)

The angle between~b and~ξ is given by:

θ = arccos

[
(~b ·~ξ)

‖~ξ‖‖~b‖

]
(2.24c)

In Figure 2.7 an example of the decomposition of a 60° dislocation is shown. The

Burgers vector is~b equal to a/2[011], where a is the lattice parameter of the crystal.

2. An affine transformation of all the positions of atoms is done:

• All the atomic positions are translated by a vector equal to−~pdis =−(xdis
0 ,0, zdis

0 )

in such a way that the origin of the reference system of the simulation cell cor-

responds with the point where the dislocation core have to be inserted, i.e. the

dislocation field origin.

~pI = ~p −~pdis (2.25)
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• A rotation transformation is applied. The transformation corresponds to the

rotation of the whole crystal in such a way that the x direction of the refer-

ence system is aligned as the~b⊥ vector and the z direction is aligned with the

dislocation line direction.

The rotation matrix is simply given by the matrix that has as first column the

perpendicular component of the Burgers vector ~B⊥, as third column the dis-

location line direction~ξ, and as second column the vector determined by the

right-hand rule and is equal to the glide plane normal ~G . Note that the three

vectors need to be normalized and written with the reference system of the

simulation cell. To avoid problems it is convenient to change the reference

system to the canonical one before the rotation of the system, i.e. x = [100],

y = [010] and z = [001].

Rθ =


B⊥ x Gx ξx

B⊥ y Gy ξy

B⊥ z Gz ξz

 (2.26)

The new positions ~pII are given by:

~pII = ~pI ·Rθ (2.27)

In this way, the vector ~b⊥ and the dislocation line ~ξ are aligned with the x and z

directions. The y direction now indicates the position of the extra half-plane.

3. Now the Hirth and Lothe Equations 1.40 and 1.48 that describe the displacement

field are applied. The ~b∥ parallel component determines the screw displacement,

whereas the ~b⊥ component determines the edge displacement. We have that the

displaced positions ~pII’ are given by:

~pII’ = ~pII +~u (2.28a)
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For each atom i : 

xII’
i = xII

i +ux(xi, yi, zi)

y II’
i = y II

i +uy(xi, yi, zi)

zII’
i = zII

i +uz(xi, yi, zi)

(2.28b)

where

ux(x, y, z) = b⊥
2π

(
arctan2(y, x)+ x y

2(1−ν)(x2 + y2)

)
(2.28c)

uy(x, y, z) =−b⊥
2π

(
(1−2ν)log (x2 + y2)

4(1−ν)
+ x2 − y2

4(1−ν)(x2 + y2)

)
(2.28d)

uz(x, y, z) = b∥
2π

arctan2(y, x) (2.28e)

4. Thereafter, the inverse affine transformations are applied. It means to apply a ro-

tation of θ around the y axis in the opposite sense and to subsequently apply a

translation of ~pdis = (xdis
0 ,0, zdis

0 ) in such a way that the positions are in the origi-

nal reference system.

~pI’ = ~pII’ ·Rθ̄ (2.29)

~p ′ = ~pI’ +~pdis (2.30)

2.3.4 Dislocation loops insertion

A dislocation loop is a non-straight, close dislocation line. The line surrounds a circular

region that is co-planar to the glide plane. Any Burgers circuit that intersects this area will

have a corresponding Burgers vector ~b 6= 0. Any other Burgers circuit that doesn’t pass

through this region will have~b = 0.

To obtain the displacement field which generates such a system, we operated in a sim-

ilar way as in the case of straight dislocation lines.

Circular dislocation loops

1. Initially a dislocation line direction is set, even it the loop is a closed line. It is

needed for debugging purposes, and by considering as ~ξ the segment of the loop
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Figure 2.8: Burgers vector decomposition into the two components~b∥ and~b⊥ in the
case of a dislocation loop.

corresponding to a convenient dislocation line (e.g. the misfit segment) it’s easier

to label the loop by the angle θ between this direction and the Burgers vector (as it

would be in the case of a straight dislocation line). The angle θ between~b and~ξ is

given by:

θ = arccos

[
(~b ·~ξ)

‖~ξ‖‖~b‖

]
(2.31)

2. An affine transformation of all the positions of atoms is done:

• All the atomic positions are translated by a vector equal to −~pc =−(xc
0,0, zc

0) in

such a way that the origin of the reference system of the simulation cell corre-

sponds with the center of the dislocation loop.

~pI = ~p −~pc (2.32)

• A rotation transformation is applied. The transformation corresponds to the

rotation of the whole crystal in such a way that the x direction of the reference

system is aligned as the ~b⊥ vector and the z direction is aligned with the set

dislocation line direction, in this way the xz plane is now parallel to the glide
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plane. The rotation matrix is simply given by the matrix that has as first column

the perpendicular component of the Burgers vector ~B⊥, as third column the

dislocation line direction ~ξ, and as second column the vector determined by

the right hand rule and is equal to the glide plane normal ~G as in the preceding

section.

R~b =


B⊥ x Gx ξx

B⊥ y Gy ξy

B⊥ z Gz ξz

 (2.33a)

The new positions ~pII are given by:

~pII = ~pI ·R~b (2.33b)

3. Differently from the straight dislocation line, now other two transformation are made.

• For each atom is computed the angle α between the straight line connecting

the atom to the center of the loop and the x axis. It lays in the xz plane which

is also the glide plane of the loop. It is given simply by:

α(i ) = arctan2(zII , xII ) (2.34)

• The Burgers vector is decomposed into a component parallel to the closest

dislocation line segment of the loop and into a perpendicular one. In Figure

2.8 a sketch is shown to illustrate the geometrical relationship that are used for

the decomposition. The dashed line is the direction set as the dislocation line

direction.

~b∥(i ) =~b∥ · cos(α(i )+θ) (2.35a)

~b⊥(i ) =~b⊥ · si n(α(i )+θ) (2.35b)

• The positions are translated in an angle dependent manner:

~pIII = ~pII −~ploop(i ) (2.36a)
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where ~ploop(i ) is the closest point of a circular shaped line with radius R to the

atom i :

~ploop(i ) = (R · si n(α(i ),0,R · cos(α(i )) (2.36b)

• The position of each atom is transformed again by placing it in a reference

system where the x axis is aligned with ~b⊥(i ), the z axis with ~b∥(i ), and the y

axis is not changed. The rotation matrix Rα(i) is different for each atom i and

is given by:

Rα(i ) =


si n(α(i )) 0 −cos(α(i ))

0 1 0

cos(α(i )) 0 si n(α(i ))

 (2.37)

4. Now the Hirth and Lothe Equations 1.40 and 1.48 are applied as for straight lines.

Indeed for each atom, the atomic position has been changed in such a way that we

can use the displacement field of a straight dislocation line which is, in reality, a

small portion of the segment of the loop perpendicular to the line connecting the

atom to the center of the loop. The ~b∥ parallel component determines the screw

displacement, whereas the ~b⊥ component determines the edge displacement. We

have that the displaced positions ~pIII’ are given by:

~pIII’ = ~pIII +~u (2.38a)

For each atom i : 

xIII’
i = xIII

i +ux(xi, yi, zi)

y III’
i = y III

i +uy(xi, yi, zi)

zIII’
i = zIII

i +uz(xi, yi, zi)

(2.38b)
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where again,

ux(x, y, z) = b⊥
2π

(
arctan2(y, x)+ x y

2(1−ν)(x2 + y2)

)
(2.38c)

uy(x, y, z) =−b⊥
2π

(
(1−2ν)log (x2 + y2)

4(1−ν)
+ x2 − y2

4(1−ν)(x2 + y2)

)
(2.38d)

uz(x, y, z) = b∥
2π

arctan2(y, x) (2.38e)

5. Thereafter the inverse affine transformations are applied. It means to apply a ro-

tation of θ around the y axis in the opposite sense and to subsequently apply a

translation of ~pdis = (xdis
0 ,0, zdi s

0 ) in such a way that the positions are in the origi-

nal reference system.

Hexagonal shaped dislocation loops

Polygonal shaped loops can be generated using the procedure anticipated in the preced-

ing section simply changing the definition of α(i )in and ~ploop(i ) in Equations 2.34 and

2.36b. For example an Hexagonal shaped loop can be obtained with:

α(i ) =−π

6
+ π

3
· round

(
π/6+arctan2(zII , xII )

π/3

)
(2.39a)

~phex(i ) = (R · si n(α(i ),0,R · cos(α(i )) (2.39b)

2.4 Interatomic potentials for SiGe

They exist many three-body potentials used for the modeling of crystalline covalent solids

such as silicon and its alloys with germanium with tetrahedral structure, between them

the most notorious one made by Stillinger and Weber (1985)[45] and the one made by Ter-

soff (1988).[46]

2.4.1 Tersoff potential

The potential formulated by Tersoff in[46] and subsequently updated in[47] is a potential

based on a two- and a three-body term in the calculation of the potential energy. The

potential energy is obtained from:
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E = 1

2

∑
i

∑
j 6=i

Vij (2.40)

where the potential Vij, is the Tersoff potential which has the following expression:

Vij = fC (rij)
[

fR (rij)+bij f A(rij)
]

(2.41a)

The two terms fR (rij) and f A(rij) in equation 2.41a represent a repulsive term and an

attractive term respectively with a dependency on the interatomic distance rij only. Differ-

ently, fC (rij) is a cutoff function that zeros the interaction beyond a determined distance

R +D , usually called cutoff radius (more precisely, this distance is such that each atom

interacts only with its first four neighbors, in a perfect diamond/zinc-blende lattice). This

function is nothing more than a sinusoidal junction function between R −D and R +D

inserted in such a way that the continuity of the potential is preserved.

fR (r ) = A e−λ1r

f A(r ) =−B e−λ2r

fC (r ) =



1 if r < R −D

1
2 − 1

2 sin
(
π r−R

D

)
if R −D < r < R +D

0 if r > R +D

(2.41b)

In the expression of the Tersoff potential 2.41a the three functions fR , f A and fC contain

only distance-depending terms; as shown in the equations 2.41b¶, hence they represent

a pair interaction. The term that contains the three-body interaction is bij, it is usually

called in the literature as Bond Order and takes into account the interaction with a third

atom k 6= i , j . The term bij has the functional formulation described by the equations

2.41c. The bond order term makes less intense the attraction term, as well as the bond,

between an atom i , and another atom j when the number of neighbors ni of atom i -th

increases. Moreover, bonds are favored or unfavored depending on the function g (θijk)

which depends on the bond direction. Indeed, θijk represents the angle formed by the

¶For simplicity, we have chosen to omit the i j subscript form all the parameters and also the distance rij
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bonds i j and i k.

bij = (1+βni ζ
ni
ij )

− 1
2ni

ζij =
∑

k6=i,j
fC (rik)ωik g (θijk)e[λm

3 (rij−rik)m]

g (θijk) = γijk

(
1+ c2

i

d 2
i

− c2
i[

d 2
i + (cosθijk −cosθ0)2

]) (2.41c)

The parameter on which the potential depends on are:

A B λ1 λ2 λ3 R D β c d m γ cosθ0 (2.42)

2.4.2 Stillinger and Weber potential

Stillinger and Weber originally proposed their model with a certain parametrization for Si

only. Later, Stillinger and Weber were able to re-parametrize the SW model for Ge and fit

their theoretical phonon-dispersion relationship to the experimental one.[45] The 3-body

Stillinger-Weber potential for the energy E of a system of atoms is given by

E =∑
i

∑
j>i

φ2(rij)+
∑

i

∑
j 6=i

∑
k>j

φ3(rij,rik,θijk) (2.43a)

where φ2 is a two-body term and φ3 is a three-body term, rij and rik are the distances

between the atom i and the atom j and between the atom i and the atom k, respectively,

and θijk is the angle between the two distances. The summations in the formula are over all

neighbors j and k of atom i within a cutoff distance a. Fortunately, almost all parameters

were found to be identical to those of Si. Each atom in the system has four degrees of

freedom: The first is a discrete variable (or pseudo-spin)S; given by the nature of the atom.

We choose the notation so that Si =+1 for a Si atom, and Si =−1 for a Ge atom. The three

other degrees of freedom correspond to the three coordinates of the atom ri. The spatial

dependence of the two-body interaction is introduced through the function φ2 which has

the following explicit form:

φ2(rij) = Aijεij

[
Bij(

σij

rij
)pij − (

σij

rij
)qij

]
exp

(
σij

rij −aijσij

)
(2.43b)

It is interesting to note that φ2(r ) is a function of there-scaled bond lengthy only, and
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therefore is the same for both Si and Ge. Another interesting feature of φ2(r ) is that, at

r = a, it vanishes without any discontinuities in its derivatives. the same cutoff advantage

can be extended to the three-body interactions φ3. Specifically, the three-body interaction

have the form||:

φ3(rj,rk,θjk) =λjkεjk
[
cosθjk −cosθ0jk

]2 exp

(
γjσj

rj −ajσj

)
exp

(
γkσk

rk −akσk

)
(2.43c)

The parameter on which the potential depends on are:

A B ε σ a λ γ p q cosθ0 (2.43d)

2.5 Interatomic potentials for 3C-SiC

As for silicon and germanium, many three-body potentials are used for the modeling of

crystalline silicon-carbide, between them, there is the one already presented in Section

2.4.1 made by Tersoff[46]**, the one made by Erhart and Albe[48] and the Vashishta poten-

tial.[49] Their mathematical details will be presented in the following sections; a detailed

analysis of their applicability will be discussed in Chapter 3 in Section 3.1.

2.5.1 Tersoff potential

The Tersoff potential used to model silicon and its alloys with germanium, it is capable

of modeling 3C-SiC. There is no change in its mathematical form; the only change is in

the parameter used for the calculations. Notably, as already anticipated in 1.5, while ger-

manium is completely miscible in a silicon structure, SiC is not. Therefore one should

remember that, even if the potential allows the simulation of any alloy of SiC, only a sto-

ichiometric SiC has a reasonable physical significance. Even though, such flexibility en-

ables the study of a wide range of SiC configurations, where for example, a lot of carbon-

carbon or silicon-silicon bonds are present. Due to its mathematical form (which is the

same as Section 2.4.1), the potential is not able to reproduce any difference in energy de-

pending on the SiC polytype, i.e., no difference in energy between 3C-SiC, 2H-SiC, 4H-SiC

and 6H-SiC exists as well as no stacking fault energy.

||Note that the subscript i j has be replaced by j , the subscript i k by k and the subscript i j k by j k.
**Tersoff potential admit atomic species which are the silicon, the germanium and the carbon.
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2.5.2 Erhart-Albert analytical bond order potential

Erhart-Albert Analytical Bond Order Potential (ABOP) is a potential for atomic-scale sim-

ulations developed for the study of processes that involve transitions between widely dif-

ferent atomic configurations. It has been realized for pure Si, pure C and SiC using a fit-

ting approach which follows a scheme that was previously applied to GaAs and GaN.[50,51]

Bond-order potentials[52] are approximations of the moment expansion within the tight-

binding framework and close relatives to the embedded atom method.[50,53] The func-

tional form used in LAMMPS is the same as Tersoff potential with different parametriza-

tion.

2.5.3 Vashishta potential

The Vashishta potential computes the combined 2-body and 3-body family of potentials

developed in the group of Priya Vashishta and collaborators. By combining repulsive,

screened charge-dipole, and dispersion interactions with bond-angle energy based on the

Stillinger-Weber potential, this potential has been used to describe a variety of inorganic

compounds.[49]

The potential for the energy U of a system of atoms is

Φ=
N∑
i

N∑
j>i

Φ(2)
ij (rij)+

N∑
i

N∑
j 6=i

N∑
k>j,k6=i

Φ(3)
ijk (rij,rik,θijk) (2.44a)

where N is the number of atoms, ri the position of the i-th atom. The chemical bonds in

SiC like III–V semiconductors have both small ionic and strong covalent features. When

SiC is formed, a small amount of charge is transferred between Si and C atoms, resulting

in a Coulomb interaction between the ions. Atoms also interact by charge-induced dipole

and dipole-dipole (van der Waals) interactions, arising from the electronic polarizability

of the ions. At short range, atoms repel each other. The two-body term Φ of the effective

interaction potential representing all these two-body interactions is given by:

Φ(2)
ij (r ) = Hij

r ηij
+ ZiZj

r
exp(−r /λ1,ij)−

Dij

r 4 exp(−r /λ4,ij)−
Wij

r 6 (2.44b)

where Hij is the strength of the short-range steric repulsion, r = r ηij the exponents of the
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steric repulsion term, Zi is the effective charge, Dij is the strength of the charge–dipole at-

traction, Wij is the van der Waals interaction strength, and λ1, λ4 are the screening lengths

for Coulomb and charge–dipole terms, respectively. The summation over two-body terms

is over all neighbors j within a cutoff distance rc , i.e. r < rc,ij. The two-body terms are

shifted and tilted by a linear function so that the energy and force are both zero at rc .

The three-body terms of the potential have a spatial and an angular dependence de-

fined by:

Φ3
ijk = Γ(rij,rik) ·Λ(θijk) (2.44c)

where:

Γ(rij,rik) = Bjk ·exp

(
γij

rij − r0,ij

)
exp

(
γik

rik − r0,ik

)
(2.44d)

Λ(θijk) =
[
cosθijk −cosθ0ijk

]2

1+Cijk
[
cosθijk −cosθ0ijk

]2 (2.44e)

which gives††:

Φ(3)
jk (rj,rk,θjk) = Bjk

[
cosθjk −cosθ0jk

]2

1+Cjk
[
cosθjk −cosθ0jk

]2 ×exp

(
γj

rj − r0,j

)
exp

(
γk

rk − r0,k

)
(2.44f)

Bijk is the strength of the three-body interaction, θijk is the angle formed by rij and rik,

and θ0,ijk is the covalent bond angle. The summation over three-body terms is over all

neighbors j and k within a cut-off distance r0, where the exponential screening function

becomes zero, i.e. rij < r0,ij, rik < r0,ik

The parameter on which the potential depends on are:

H η Zi Zj λ1 D λ4 W rc B γ r0 C cosθ0 (2.44g)

2.6 Interatomic potentials for Si

Silicon is one of the most intensely investigated semiconductors. Such a strong interest

in silicon is motivated by its great technological importance. It is also the ideal covalent

solid because theoretical concepts about covalent bonding can be tested. The nature of

††Note that the subscript i j has be replaced by j , the subscript i k by k and the subscript i j k by j k to show
the whole formula.
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Si bonding often makes the description of them difficult: the electrons in covalent bonds

can only be described properly by quantum theory, while many interesting phenomena

involve large numbers of atoms (in the range ≈ 103 − 109), which quantum-mechanical

approaches cannot handle.[54] Between all empirical model for inter-atomic interactions,

the Stillinger and Weber,[45] the Tersoff potentials,[46,47,55] and the one proposed by Justo

et al.,[56] are the most widely used. Still, their transferability to a wide class of structures

remains in question. Techniques based on machine-learning ideas for interpolating the

potential energy surface without explicitly describing electrons have recently shown great

promise, but accurately and efficiently fitting the physically relevant space of configura-

tions remains a challenging goal.[57] Bartok et al., presented a Gaussian approximation

potential for silicon that achieves this,[59] reproducing Density-Functional-Theory (DFT)

reference results for a range of many observable properties, including crystal, liquid, and

amorphous bulk phases, as well as point, line, and plane defects.[58] They demonstrated

that their potential enables calculations such as finite-temperature phase-boundary lines,

self-diffusivity in the liquid, formation of the amorphous by slow quench, and dynamic

brittle fracture, all of which are very expensive with a first-principles method.

2.6.1 Gap potential for Si

The Gaussian Approximation Potential (GAP) proposed by Bartok et al.[58] has many ad-

vantages with respect to standard semi-empirical potentials such as the Tersoff potential

or the Stillinger and Weber one. It has been fitted via a machine learning approach to re-

produce a wide class of ab-initio results. The time required for the ab-initio calculations

(DFT) framework can be limiting, especially when the number of atoms involved is high.

At this, the use of GAP to reproduce the same experiments can drastically reduce the time

required for the calculations. The results obtained by Bartok et al. that interest us the most

are (1) the ability to reproduce the different cohesive energies of different structures in the

phase diagram of Si, (2) the surface energies of a wide class of Si surface alongside different

orientations, (3) the phonon dispersion curves, and (4) defects energies, structures. An ex-

cellent agreement with DFT-based calculation for all this class of structures was achieved.

The spatial and time scales achievable using GAP for Si are reduced in comparison with

classical semi-empirical potentials but not so as it would be with an ab-initio approach.
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Chapter 3

Results: Stacking faults evolution in

3C-SiC on Si(001)

The strong bonding between Si and C atoms makes SiC a group IV semiconductor with

unique chemical and physical properties. It is a wide bandgap semiconductor (2.3 - 3.3 eV,

depending on the crystal phase). It possesses strong thermal stability (sublimation tem-

peratures up to 2800 °C), high thermal conductivity, about three times higher than that of

Si (3.2 - 4.9 Wcm−1 K−1), a breakdown field ten times higher than that for Si (30×105 Vcm−1),

large carrier saturation velocity (2×107 cms−1, hardness (Knoop hardness of 2480 kgmm−2),

and chemical inertness.[33–35] The hexagonal phases of this interesting semiconductor

are increasingly used for electronic devices. It can be used for applications where el-

evated temperatures, high power, and frequencies, harsh environments are present.[60]

First neighbors, in SiC, have a tetrahedral structure, but silicon and carbon atoms may oc-

cupy different lattice positions at further neighbors, giving rise to multiple crystal structures.[36,61,62]

Between them, the most common SiC polytypes are the hexagonal (6H and 4H phases)

and the cubic (3C phase) one, with a stability hierarchy depending on temperature, as un-

derstood in a recent paper.[36] The deposition on Si substrates has as natural output the

3C-SiC cubic phase and displays several interesting features. The zinc-blende structure’s

higher symmetry gives it excellent electrical properties, such as a reduced phonon scatter-

ing and the highest electron mobility and saturated drift velocity, compared to the other

SiC polytypes. Furthermore, 3C-SiC can be a valid substrate for the epitaxial growth of

boron nitride and gallium nitride thin films.[63,64]

The growth of a large area bulk 3C-SiC material is still under development: 3C-SiC
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epi-layers on hexagonal SiC substrates (4H and 6H) are possible. Unfortunately, hexago-

nal SiC commercially available wafers are much smaller than the Si ones, and their crystal

quality is also not sufficiently good. Indeed, they contain a large number of extended de-

fects that may propagate in the 3C-SiC epilayers.[65] An important alternative is growing

3C silicon carbide by heteroepitaxy on Si (001) and Si (111) substrates. It could enable

direct integration onto the Si technology and thus offer an advantage over hexagonal SiC

polytypes. Nevertheless, there are structural differences between the substrate and epi-

layers. They hinder the possibility of obtaining crystalline 3C-SiC on Si substrates with

high quality, reducing the great potential of this material for electronics and power elec-

tronics. In particular, a ≈ 20% misfit strain between the epilayer and the substrate arises

due to the difference between the atomic spacing of cubic silicon carbide with respect

to silicon (their lattice parameters are 4.53 Å and 5.43 Å, respectively, at room temper-

ature). Moreover, there is a difference in their thermal expansion coefficients of (≈ 8%)

that causes the presence of a thermal strain in the epilayer. Thus, at all the growth stages,

extended defects nucleate close to the SiC/Si interface and propagate into the films, as

driven by the misfit strain relaxation.[32,66] Between all classes of defects, the most relevant

ones are dislocations, twins, stacking faults, and anti phase boundaries. Such defects have

detrimental effects on device performance. In particular lower breakdown electric fields

are possible, and leakage currents are present. Several publications have experimentally

shown their correlation with twins and stacking faults in the epitaxial 3C-SiC films.[67–72]

Anti phase boundaries are often observed in 3C-SiC and are very detrimental for device

performances and fabrication.[73] Nevertheless, most of the problems related to APBs can

be avoided using misoriented substrates. Indeed, on Si(001) substrates, APBs appear only

in presence of a mono-atomic step on the Si substrate.[31] Such a step can be easily elimi-

nated by the having a miscutted Si substrate. Although at the moment, many consider the

Si substrates as the most convenient choice for 3C-SiC epitaxy, the high-quality growth is

still a significant challenge for researchers.



Chapter 3. Results: Stacking faults evolution in 3C-SiC on Si(001) 79

3.1 Study of stacking fault evolution via different potentials in

3C-SiC

One should never forget that the potentials used for classical MD simulations are empiri-

cal, and hence they should not be regarded as universally reliable or quantitatively precise.

Therefore it is often required to test different potentials for investigating a specific phe-

nomenon. A number of different potentials have been developed for MD simulations of

SiC materials.[46–49,55] In the Literature, they have been applied to study the fundamental

SiC characteristics successfully. The range of conditions where these potential have been

applied ranges from SiC structural phase transformations under pressure,[74] to the behav-

ior of SiC ceramics under shock loading,[75,76] and to the study of the plasticity of single

crystal 3C–SiC during nanometric cutting.[77,78] In particular, many publications have fo-

cused on the MD simulation of the formation and evolution of extended defects in 3C–SiC

induced by mechanical impact.[75–78] In these studies, defect networks with high amounts

of dislocations and SFs are considered on average, in their ensemble, ignoring the evo-

lution of the atomic detail at the level of the dislocation cores and the details of individ-

ual dislocation interaction. For the mentioned kind of problems, the potential proposed

by Vashishta et al.,[49] has demonstrated its superior efficiency over other MD potentials,

thanks to its ability to reproduce the generalized SFs energy and mechanical character-

istics of 3C–SiC accurately. However, in epitaxially grown 3C–SiC on Si substrates, one

should not ignore the interaction of individual partial dislocations (PDs) and the forma-

tion of local atomic configurations of dislocation complexes. Clear examples were given

in a series of papers of us in References.[79–81]

As a first step, we did an independent test of the applicability of classical potentials

to meet the requirements to tackle these issues by MD simulations. A comparison be-

tween Vashishta and the other MD potentials in describing individual defects and pro-

cesses at atomic scale has been reported by us in Reference.[82] We performed a compar-

ative MD simulation study of the evolution of systems consisting of 60° perfect and 30°

and 90° Shockley partial dislocations as well as SFs in 3C–SiC material with three poten-

tials, namely Tersoff,[46,47,55] analytical bond order,[48] and Vashishta potential.[49] In this

section of the Thesis, we report the detailed analysis of the capabilities offered by each

potential and their restrictions in application to describe the structures and dynamics of
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extended defects in 3C–SiC. Based on the study published in the article[82] we suggest an

MD simulation approach in terms of the potentials to be used to model various types of

extended defects, including dislocations and SFs as well as their complexes, in cubic sili-

con carbide epi-layers.

MD simulations that will be presented in the next subsections have been performed

in the canonical ensemble (NVT), using a Nose–Hoover thermostat regime at tempera-

tures ranging from 1200 to 2000 K. These simulation temperatures have been chosen as

satisfying the following conditions:

• to be not close enough to the actual temperatures of 3C–SiC layer deposition(≈1300

°C-1600 °C).

• to be sufficiently high to allow one to observe defect evolution in reasonable simu-

lation times, a condition which (see below) was achieved in the upper limit of the

explored temperature range.

• to be well below the 3C–SiC melting temperature predicted by each of the potentials

(≈3250 K for Vashishta potential,,[49] and ≈3800 K for Tersoff potential and ABOP,[83]

respectively) to avoid the possible influence of the pre-melting lattice disorder on

the defect dynamics.

The value of the time step was set to 0.3 fs. It was determined as the largest one that main-

tained sufficient energy conservation in micro-canonical simulation runs at the highest

temperature. The simulation cell used to perform the analyses on the behavior of the

MD potentials for cubic SiC were box-shaped simulation cell bounded by the planes with

orientations [11̄2̄], [11̄1], and [110] in the directions of the axes X, Y, and Z, respectively.

With such an orientation, the glide plane of the dislocation lies in the X direction, and the

dislocation line is oriented along the Z one, allowing the simulation of periodic arrays of

dislocation. Periodic boundary conditions were applied in all three directions. Before any

simulation of the cell annealing, the presented configurations have been allowed to relax

using the energy minimization procedure with the Polak–Ribiere conjugate gradient al-

gorithm, with stopping tolerance for energy and force equal to 10−6 eV and 10−8 eV Å−1,

respectively. We inserted the dislocations into the simulation cells by displacing all the

atoms in a perfectly crystalline cell using the approach described in Section 2.3.3.
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To preserve the integrity of the simulation cell, perfect or partial dislocations with op-

posite Burgers vectors have to be inserted in pairs into the same (111) plane with some

in-plane separation between them. Indeed, the insertion of a single dislocation would

lead to the appearance of an atomic step on the simulation cell boundary plane induced

by atom shifting.

Dislocations with opposite Burgers vectors considered together are usually referred to

as dislocation dipoles. We probed various separation distances and simulation cell sizes

to find the optimum values of these quantities with respect to the reliability of model-

ing predictions on the one hand and simulation speed on the other hand. In particu-

lar, for each trial simulation run, the cell dimensions from the preceding run have been

doubled in alternation with doubling the distance between the inserted dislocations. We

chose the simulation cell size and the distance between the dislocations so that doubling

these quantities made no effect on the dislocation behavior during probe MD simulations.

Based on this study, a cell with 24576 atoms in total, sized as 24 ·
p

6
6 4a×4 ·

p
3

3 6a×4 ·
p

2
2 2a,

with a distance between the dislocations equal to 18 ·
p

6
2 a (where a is the potential de-

pendent lattice constant of 3C–SiC material) have been chosen for the demonstration of

simulation results.

3.1.1 Properties of 3C–SiC with MD potentials

Before studying the evolution of extended defects in 3C–SiC by MD simulations with the

potentials described above, the latter have been comparatively tested with respect to their

predictions of some of the basic 3C–SiC characteristics. In particular, for each potential,

we have determined the lattice parameter a and the cohesive energy Ecoh, calculated ap-

plying the LAMMPS energy minimization procedure at each value of a.

Table 3.1 shows the values of the lattice constant and cohesive energy of 3C–SiC calcu-

lated using three MD potentials and compared to respective experimentally determined

values. All three potentials demonstrate satisfactory predictive power for these quanti-

ties. There are almost no discrepancies between the experimental and calculated results

for ABOP and Vashishta potential,* while Tersoff potential shows a small underestimation

of the value of 3C–SiC lattice constant by about 1.9% and overestimation of the cohesive

energy value by approximately 1.4%, respectively. To better demonstrate the predictive

*Indeed those quantities are in the chosen ones in the potentials fitting.
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Table 3.1: Calculated and experimental values of selected physical quantities of
3C–SiC phase

Tersoff ABOP Vashishta Exp.

3C–SiC

Lattice constant (Å) 4.2796 4.3593 4.3582 4.3596[84]

Cohesive energy (eV/atom) 6.4338 6.3392 6.3401 6.34[85]

2H–SiC

Equivalent cubic lattice const. (Å) 4.2796 4.3593 4.3341
a* (Å) 3.0261 3.0825 3.0647 3.0763[86]

c* (Å) 4.9417 5.0337 5.0046 5.0480[86]

Cohesive energy (eV/atom) 6.4338 6.3392 6.3209

Stacking Faults

Intrinsic SF (meV Å−2) 0 0 12.1 2.1[87]

power of all three potentials, we have also determined the values of the lattice constants

of the hexagonal 2H–SiC phase, as well as its cohesive energy. We calculated the lattice

constants for the hexagonal phase over the equivalent cubic lattice constant a as follows:

a∗ = ap
2

, c∗ = 2ap
3

(3.1)

Because Tersoff potential and ABOP compute the interaction only inside the first co-

ordination sphere, the results presented in Table 3.1 provide the exact same result for the

3C and 2H–SiC phases. On the other hand, Vashishta potential takes into account interac-

tion well beyond the first coordination sphere. Hence the equivalent lattice constant and

cohesive energy is different, and, in particular, they are smaller for 2H–SiC compared to

those of the 3C–SiC phase. As in the case of the cubic phase, ABOP and Vashishta poten-

tials demonstrate much better agreement of calculated values with respective experimen-

tal data. In addition, the specific energy of a single SF has been calculated with each MD

potentials. In the cubic crystal lattice, intrinsic SF is formed by removing a double plane

from the ABC plane sequence along the [111] direction, thus creating an inclusion with

hexagonal wurtzite configuration in the zinc-blende structure the 3C–SiC phase. Intrinsic

SFs are closely related to partial dislocations as the boundaries between the former and

the surrounding perfect crystal in the SF plane.[88] The values of the SF energy in 3C–SiC

have been calculated, subtracting the potential energy of the stacking faulted configura-

tion from that of the corresponding perfect cubic lattice. The energy cost per unit area
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of a single SF calculated with Vashishta potential is equal to 12.09 meV Å−2. This value

is overestimated as compared to the respective energy of 2.51 meV Å−2 provided by the

DFT calculations,[36] and 2.12 meV Å−2 obtained from experimental results.[87,89] Despite

this discrepancy, no better estimation can be obtained with existing empirical MD po-

tentials. Note that values of the SF energy determined both by DFT and using Vashishta

potential are of the same sign and will influence the energy of the 3C–SiC system with the

extension or shrinking of the SF in the same way. In particular, positive energy contribu-

tion will affect the evolution of the systems containing SFs during MD simulations, with

Vashishta potential tending to decrease the SF extension. In their turn, both Tersoff poten-

tial and ABOP, being limited to the first coordination sphere, make no difference between

the hexagonal wurtzite and cubic zinc-blende SiC configurations, therefore, predicting

zero value of the SF energy.

3.1.2 Stability of dislocation core reconstructions with MD potentials

In the literature,[88,90] peculiar reconstructions of the cores of 30° and 90° partial disloca-

tions in 3C–SiC have been reported, obtained by density functional theory (DFT) calcula-

tions.

We analyze the capability of three used MD potentials to maintain the atomic config-

urations of the reconstructed dislocation cores. Using a DFT approach, as described in

Ref. [36], we produced the 30° partial dislocations 2×1 core reconstruction and the sin-

gle period reconstruction of the 90°partial. The resulting core configurations fully agree

with those obtained in References[88,90] and are shown in Figure 3.1 (a) and (e) for the

30° and 90° partial dislocations, respectively. We took the DFT reconstructed dislocations

and then minimized the cell energy through a standard minimization algorithm with the

MD potentials. As can be seen from Figures 3.1 (b)–(d),(f)–(h), the core reconstructions

are maintained by only Tersoff potential and ABOP, while transformations of the cores of

partial dislocations occur after energy minimization with Vashishta potential (see Figures

3.1(d) and (h)). For the single period reconstructed 90° PD, we observe a slight displace-

ment of the SF plane so that Si-Si and C-C atomic distances in the core become equal.

The Vashishta potential mathematical formulation is the reason for such behavior. In-

deed the repulsion between the atomic species of the same types drives them to separate
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Figure 3.1: Top view of the atomic configurations of the cores of 30° (a)–(d) and 90°
(e)–(h) Shockley partial dislocations obtained by DFT calculations (a), (e) as well as after
energy minimization procedure with Tersoff potential (b), (f), ABOP (c), (g), and
Vashishta potential (d), (h), respectively. Larger spheres represent Si atoms, while
smaller ones correspond to C atoms, respectively. Blue color corresponds to the atoms
in cubic diamond lattice. The atoms in the stacking faults (hexagonal diamond lattice)
are shown in orange color. White color corresponds to the atoms within the dislocation
cores that do not match any of the two mentioned perfect crystal lattice configurations.

each other.

3.1.3 Dissociation of 60° perfect glide dislocations

This subsection considers the predictions of all three MD potentials described above re-

garding the known phenomenon of dissociation of a 60° perfect glide dislocation. The

processes addressed here can be referred to as described in Ref. [82] "local" processes

being primarily determined by local atomic configurations and rearrangements of bonds.

We inserted 60° dislocation dipoles according to the procedure described in Section

2.3.3 using the atom displacements calculated as described there. The origin of the dis-

placement field belongs to the (11̄1) plane that is the correct one to have a glide 60° dislo-

cation. In Figure 3.2(a) we show the simulation cell with the inserted 60° glide dislocation

dipole before any MD operation. On the left, we have the so-called carbon terminated dis-

locations and on the right silicon terminated ones.[90] For each MD potential considered

we report in Figures 3.2(b),(c) the images of the structure of 60° dislocations after energy
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Figure 3.2: Snapshots of the left and right parts of the 3C–SiC simulation cell after
insertion of a pair of 60° perfect dislocations (a) and after energy minimization
procedure with Tersoff potential (b), ABOP (c), and Vashishta potential (d), respectively.
Larger spheres represent Si atoms, while smaller ones correspond to C atoms,
respectively. Flat dots indicate the projections of the dislocation lines of 60° perfect or
30° and 90° partial dislocations. Arrows show the dislocation Burgers vectors. Blue color
corresponds to the atoms in cubic diamond lattice. The particles in the stacking faults
(hexagonal diamond lattice) are shown in orange color. White color corresponds to the
atoms within the dislocation cores that do not match any of the two mentioned perfect
crystal lattice configurations.

minimization. Experimental observations[91,92] report the dissociation of 60° perfect dis-

locations into 30°-90° pairs.

We observed the dissociation with a pure minimization procedure using Vashishta po-

tential (see Figure 3.2(d)). On the contrary, Tersoff potential and ABOP maintain the initial

perfect structure of both C- and Si-terminated 60° dislocations (see Figure 3.2(b) and (c),

respectively). The energy minimization not leading to a dissociation of the 60° dislocation

can be related to the energetic barrier, which these two potentials cannot overcome. We

still need to understand the capability of the latter two MD potential to model 60° dis-

sociation and if it is energetically favorable. So we proceeded as follows. We computed

the energy of not-dissociated 60° and the energy of pairs of 30° and 90° PDs at a different

distance one from the other. Then we compared them in Figure 3.3.

We calculated the energy corresponding to each configuration as follows. We take note
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Figure 3.3: Potential energy per atom versus separation of the pairs of 30° and 90°
Shockley partial dislocations representing the dissociated states of perfect 60°
dislocations terminated by carbon (squares) and silicon (circles) atoms, calculated with
Tersoff (a), ABOP (b) and Vashishta (c), (d) potentials. In the case of Vashishta potential,
the results with (c) and without (d) account of the energy of stacking faults formed
between the 30° and 90° dislocations are presented. Insets in the graphs show the
perfect 60° or dissociated 30°–90° dislocation configurations.

of the total energy of the simulation cell, and then we subtract the total energy of the corre-

sponding, completely defect-free configuration. The obtained energy difference ∆E takes

into account the core energy of 60°, 30°, and 90° dislocation cores and the interaction en-

ergy acting between them. In the case of the Vashishta potential, also the SF energy is

accounted for. In the case of Tersoff potential and ABOP, the first point corresponds to the

perfect configuration of a 60° dislocation of the glide subset. The first point on the left in

Figures 3.3(a) and (b) corresponds to a glide 60° perfect dislocation.† There is an energy

advantage of having a dissociated pair of 30° and 90° PDs instead of a perfect 60° dislo-

cation for Tersoff potential and ABOP. As the distance between the two dissociated PDs

increases, the value of ∆E decreases. Such tendency is due to the repulsive force between

the dissociated pair’s 30° and 90° dislocations.[93] We also note that C- and Si-terminated

30° and 90° PDs have almost equal energy. In contrast, ABOP prescribes lower energy for

carbon terminated pairs than silicon terminated ones. Vashishta potential is treated as

a separate case because it prescribes a non-zero SF energy, and no stable 60° configura-

tion can be built and minimized (see Figure3.2(d)). What we observe indeed is that an

increase of the distance between partials leads to small energy changes, especially in the

†The actual 60° glide perfect dislocation configuration was possible only in the case of Tersoff potential
and ABOP
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case of carbon terminated dislocations, as shown by the graphs in Figure3.3(c). We iden-

tified in the positive energy of SF the cause of this tendency. Indeed, a more extended SF

will have higher energy, compensating for the energy gain separating the dissociated pairs.

By subtracting the SF energy from the energy values corresponding to the data presented

in Figure3.3(c), it’s possible to compensate for such effect. Indeed a similar trend to that

obtained with other potentials is observed (see Figure3.3(d)).

3.1.4 Simulation of the evolution of perfect and partial dislocation dipoles

In this section, we test three considered MD potentials to assess their predictions regard-

ing the evolution of dislocation dipoles. We consider the cases of perfect 60° – 60° pairs,

partial 30° – 30°, and 90° – 90° with opposite Burgers vectors, studying them when sub-

jected to annealing at high temperature. The MD potential used in each simulation deter-

mines the dislocation’s evolution. Tersoff potential performed poorly in the simulation of

60°dislocation dipoles. Indeed, in a simulation time of six ns at a temperature of 2000 K,

we observed only local perturbations of the dislocation structures but no actual motion.

We observed such behavior for 60° dislocations and also for a pair of dissociated 30° and

90° PDs when they are in contact with each other (analogous to the structure shown in

Figure 3.2(d). In their turn, ABOP or Vashishta potential succeeded in the simulation of

60° perfect dislocations motion.

Figure 3.4 shows a series of snapshots of the evolution of 60° perfect dislocations in

3C–SiC via MD using the Vashishta potential at an annealing temperature of 2000 K. The

inserted 60° dislocation dipole dissociate into two pairs of 30° and 90° PDs in the initial

minimization of the energy (see Figure 3.4(a)). The two dislocations attract because of

their opposite deformation fields, and the annealing at 2000 K makes the two pairs of dis-

sociated PDs move one toward the other. The 90° and 30° PDs separate one from the other

because of a difference in their mobility. Being the 90° ones the faster, the SFs between

the two PDs become longer (Figure 3.4(b)). The two opposite 90° PDs eventually merge in

the prolonged annealing. It causes the annihilation of the 90° dislocations. What remains

is a single SF connecting the two 30° partials. In the end also the two 30° PDs met, lead-

ing to complete annihilation of the inserted defects and the restoration of perfect lattice

structure (Figures 3.4(c)–(e)). The evolution pattern obtained using ABOP is equivalent to
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Figure 3.4: evolution of 60° perfect dislocations in 3C–SiC at 2000 K simulated with
Vashishta potential after energy minimization (a) and after 6 (b), 11.4 (c), 18 (d), and 24
(e) picoseconds of simulated time. Blue color corresponds to the atoms in cubic
diamond lattice. The atoms in the stacking faults (hexagonal diamond lattice) are
shown in orange color. White color corresponds to the atoms within the dislocation
cores that do not match any of the two mentioned perfect crystal lattice configurations.

that depicted in Figure 3.4. The main difference between the two is the time scale which

is several orders of magnitude larger than Vashishta potential. We can attribute this to few

aspects. First, the system needs time to overcome the energy barrier for dissociating the

initial perfect 60° dislocation with ABOP. Second, we also found the dislocation motion

much slower with ABOP than with Vashista potential. We studied the different predicted

velocities of PDs by each potential, considering only 30° and 90° PDs pairs separately here

below.

PDs velocities

In a simulation cell with PBCs, we must insert a dipole of dislocations to preserve the

integrity of the crystal. By chance, it represented an advantage in the study of the velocities

of PDs. Indeed, with a single simulation cell, where we inserted a dipole of 30° PDs or a

dipole of 90°, we always have two different terminating species at each core.

In Figure 3.5 we show the snapshots of an MD simulation of the evolution of a dipole of

30° PDs annealed at 2000K. The two PDs attract due to their opposite deformation fields,

and they move one toward the other until they meet and annihilate (Figures3.5(b)–(e)).
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Figure 3.5: Evolution of 30° partial dislocations in 3C–SiC at 2000 K simulated with
Vashishta potential after 0 (a), 6 (b), 12 (c), 18 (d), and 19.5 (e) picoseconds of simulated
time. Blue color corresponds to the atoms in cubic diamond lattice. The atoms in the
stacking faults (hexagonal diamond lattice) are shown in orange color. White color
corresponds to the atoms within the dislocation cores that do not match any of the two
mentioned perfect crystal lattice configurations.

All the potential considered could produce an evolution of the dipole for both 30° and 90°

PDs. Still, a remarkable difference in the timescale for each process exists. We character-

ized the PD velocities in terms of the migration distances and respective times in which

was observed. Results are summarized and presented in Table 3.2.

The data in Table 3.2 can be summed up as follows: Between PDs with the termina-

tion of the same species (carbon or silicon), the 90° ones are faster than the 30° ones. With

the Vashishta potential, 90° PDs are about an order of magnitude faster than the other

two potentials. Note that using the Tersoff potential, we did not observe any movement

of the Si-core 90° dislocation until its carbon counterpart annihilated it. Vashishta poten-

tial prescribes almost equal velocity for 90° and 30°. On the contrary, Tersoff and ABOP

have 90° PDs one and two orders of magnitude faster than 30° PDs. Therefore performing

MD simulations with these two potentials will lead to a wide separation of the disloca-

tions originating from a dissociated 60°, with a long SF in between. Finally, both Vashishta

potential and ABOP agree to predict a higher motion velocity for the Si-terminated PDs.

Tersoff potential reveals the contrary behavior.
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Table 3.2: Times and migration distances of partial dislocations
characterizing their motion velocities calculated with three MD
potentials at 2000 K.

Simulated time Potential Dislocation type Distancei

7.5 ps Vashishta 90 °C-terminated 18.6819 Å
90° Si-terminated 37.3638 Å
30 °C-terminated 16.013 Å
30° Si-terminated 18.6819 Å

75 ps Tersoff 90 °C-terminated 26.2071 Å
90° Si-terminated 0 Å

75 ps ABOP 90 °C-terminated 10.6781 Å
90° Si-terminated 13.3476 Å

750 ps Tersoff 30 °C-terminated 10.4828 Å
30° Si-terminated 7.86213 Å

6 ns ABOP 30 °C-terminated 2.66952 Å
30° Si-terminated 10.6781 Å

i The migration distances of dislocations are calculated over
the lattice parameter a with the step l equal to the shortest
distance between the same-type atoms in the 〈112〉 direc-

tion, l = a
p

6
4

3.1.5 Applicability of MD potentials in 3C-SiC

In the preceding subsections, we demonstrated that molecular dynamics (MD) simula-

tions with analytical bond order (ABOP) and Vashishta potentials represent two comple-

mentary approaches that should be considered synergically. If one is interested in the

long/large scale evolution of SFs and PDs in 3C-SiC, the Vashishta potential is preferable.

Still, its mathematical form does not allow for the correct modeling of same-specie inter-

actions such as Si-Si and C-C bonds. So, one interested in local details of the core structure

of PDs that involve such bonds should perform MD simulations with ABOP instead. In

conclusion, the best solution is a synergic use of both potentials: the large-scale dynamics

should be investigated initially with the Vashishta potential. After that, the stability of the

defective structure should be analyzed using ABOP.



Chapter 3. Results: Stacking faults evolution in 3C-SiC on Si(001) 91

3.2 Stability of dislocation complexes in 3C-SiC

An ideal testing framework for the employ of ABOP and Vashishta potential is represented

by the study of multiple stacking faults structure and stability. With the term stability, we

are referring to the capability of the boundary of multiple SFs to remain as a whole and

not dissociate, as described in the work of Sarikov et al.[79] The most frequent, electrically

active defects in 3C-SiC are the stacking faults,[94,95] and double and triple ones are par-

ticularly abundant.[96]

Each SF is strictly related to the defect (either a 30° or a 90° PD) that surrounds it at

the border with bulk crystal. For this reason, it is of primary importance to identify which

configurations of partial bounding dislocations are possible. Note that multiple SFs are

bounded by a number of PDs equal to the number of planes of the SF.

In experimental observations via high-resolution transmission electron microscopy

(HRTEM),[97–100] complexes of dislocation formed by two and three partial dislocations

have been observed. The identification of which PD combinations (and the relative struc-

ture), between all possible ones, are possible can be helpful to improve the electrical char-

acteristics of 3C-SiC by eliminating detrimental defects. In Ref. [79], we employed syn-

ergically the ABOP and Vashishta potential to study the dynamics of 30° and 90° PDs as

bounding defects of double and triple stacking faults in 3C-SiC. This section will discuss

the role of the reciprocal orientation of the Burgers vector of the PDs terminating multi-

planes SFs complexes and what their interaction leads to.

MD simulations have been performed using LAMMPS code. Simulations were in the

(NVT) ensemble. The time step used in the simulations was 0.3 fs.

At the beginning of the run, the initial velocities were set up at a corresponding tem-

perature of 300K. After that, the temperature was increased linearly from 300 to 1800 K

during 1.5 ps of simulated time. PBCs were applied in all three boundaries of the simula-

tion cell. This time, the cell contained 65’280 atoms and was sized as 30·
p

6
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p
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2 2a, where a is the 3C-SiC lattice constant. It slightly dependent on the MD poten-

tial used. We established the dimensions of the simulation cell by increasing them until

the increase did not affect the observed behavior. The analysis of the defect structures

was performed using OVITO. Partial dislocations were inserted so that their SF is on the

(11̄1) planes with dislocation lines aligned in the Z direction. Dislocations were inserted
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as described before, (see Section 3.1 and 2.3.3).

We inserted each SF bounded by two identical PDs with opposite Burgers vector so

that the total Burgers vector is zero. Hence, along each (11̄1) plane, we can have either 30°

or 90° pairs bounding each SF. In Figure 3.6 we report the atomic layout obtained for each

dislocation, together with a sketch of the dislocation line and the Burgers vector of the PD.

Note that the PDs are terminated by a different atomic species (Si or C) on each side of

the SF. Also, note that Si-terminated 90° and C-terminated 30° dislocations are on the left

side of Figure 3.6, whereas C-terminated 90° and Si terminated 30° are on the right. We

inserted dislocation dipoles into two or three consecutive (11̄1) planes with all possible

orders of PDs. Then we studied the influence of the mutual orientations of the Burgers

vectors of each combination of PDs to assess their interaction and the stability of double

or triple dislocation complexes.

Figure 3.6: Atomic configurations of the dislocation dipoles consisting of Si- and
C-terminated 90° (top panel) and C- and Si-terminated 30° (bottom panel) Shockley
partial dislocations viewed in the direction [110]. Left and right panels show schematic
representations of the dislocation Burgers vectors with respect to the dislocation lines
viewed perpendicular to the (11̄1) plane. Highlighted are the stacking faults formed
between the partial dislocations in the dipoles. Vertical lines in the left and right panels
correspond to the dislocation lines, and the arrows indicate possible directions of the
dislocation Burgers vectors, respectively.

In the following subsections, we present the results of molecular dynamics simula-

tions of the interaction of partial dislocations (PDs) terminating stacking faults. We will

show that certain combinations of their Burgers vectors are more stable than others.

The results shown are only for combinations of the partial dislocations that were shown

in the right panel of Figure 3.6, i.e., Si-terminated 30° and C-terminated 90° PDs. We ob-

tained the same qualitative results considering the interactions between the Si-terminated

90° and C-terminated 30° PDs.
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3.2.1 Stability of Extrinsic Stacking Faults and Partial Dislocation Complexes

Using the approach described, we start our discussion from the double dislocation com-

plexes comprising two partial dislocations located in consecutive (11̄1) planes. Depend-

ing on the mutual orientations of the dislocation Burgers vectors, these complexes may be

stable and form spontaneously as a result of PDs interaction, or unstable as will be seen

in more detail below. Figure 3.7 shows MD simulation snapshots of the evolution of two

90° partial dislocations with equal Burgers vectors initially forming a double dislocation

complex. The structure is very unstable and, as shown in the snapshots in Figure 3.7 b–d,

it dissociates back into individual 90° dislocations. Once they have dissociated, they move

one away from the other, driven by their mutual repulsion. This behavior can also be ex-

pected for all double SFs made up of two identical Burgers vectors. Indeed, complexes

formed by two identical 30° PDs dissociate in a very similar way with the difference that

30° partials move much slower than 90° PDs once they re-appear as individual defects.[82]

Figure 3.7: MD simulated evolution of the dislocation complex formed by a pair of
90° Shockley partial dislocations with equally oriented Burgers vectors. Simulated time:
(a): 0, (b): 10, (c): 20, and (d): 50 ps, respectively. Arrows indicate the directions of the
Burgers vectors of complex (a) and single dislocations (b–d).
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Figure 3.8: MD simulated evolution of the interaction of 30° and 90° partial
dislocations forming the 30° extrinsic partial dislocation. Simulated time: (a): 0, (b): 20,
(c): 50, and (d): 100 ps, respectively. Arrows indicate the directions of the Burgers
vectors of the partial dislocations (a–c) and the dislocation complex (d).

Stable complexes that can terminate double SFs must be searched between the com-

binations of 30° and 90° PDs that are not made up by two identical dislocations. They can

be either two 30° PDs with opposite screw components (projections of the Burgers vectors

on the dislocation lines) or a 90° and a 30° PD. For these configurations, the interaction

between the deformation fields is attractive. Indeed, in Figure 3.8 the 30° and 90° case

is reported. Note that this time the two defects, initially separated, move one toward the

other. They join and form a double plane dislocation complex. Figure 3.9 show possible

double planes dislocation complexes. It also shows how the Burgers vectors of the single

dislocations combine together when a unique defect is formed.

Figure 3.9: (a) MD simulation snapshots and (b) schematic top views of the formation
of stable 30° (top images) and 90° (bottom images) extrinsic partial dislocations in
3C-SiC. Arrows indicate the directions of the dislocation and dislocation complexes
Burgers vectors. Vertical lines in part (b) correspond to the dislocation lines.

When a 30° PD form a double plane complex with a 90° PD, the resulting Burgers vec-

tor is equivalent to that of a 30° PD that points away from the SF‡ (see top panel of Figure

‡while individual 30° PDs have their Burgers vectors that point toward the SF in this glide plane.
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3.9). When two 30° PDs with opposite screw components merge to form the boundary of

a double SF (or extrinsic stacking fault (ESF)), the resulting Burgers vector is equivalent

to that of 90° PD but points toward the SF (see bottom panel of Figure 3.9). The PD com-

plexes that terminate double SFs (or ESF) will be referred to as 30° and 90° extrinsic partial

dislocations. In MD simulations at 1800K, we found 30° and 90° ESF to be stable in the

sense that no change in their structure was observed in a simulation time of 2ns. We also

noted that no motion of any of the ESFs was observed, but this can be due to significantly

reduced mobility and an external strain’s absence.

3.2.2 Triple Stacking Faults and Partial Dislocation Complexes

Figure 3.10: Examples of the atomic configurations of triple PD complexes in 3C-SiC
viewed in the [110] direction together with schematic representations of dislocation
Burgers vectors with respect to the dislocation lines viewed perpendicular to the [11̄1]
plane. Zero-Burgers-vector complex is stable, while other complexes experience
dissociation into double PD complex and single partial dislocation during annealing.
Arrows indicate the directions of the Burgers vectors of the complexes as well as
complex composing partial dislocations. Vertical lines correspond to the dislocation
lines.

Adding a third SF allows us to study which defect can bound triple SF. Let’s consider PD

complexes consisting of three partial dislocations. We can consider any combination of

the Burgers vectors presented in Figure 3.6. Still, most of them are not interesting. Indeed

complexes made up of three identical PDs are expected to dissociate as for the complex

made up of two identical 90° PDs. The configurations that at least have two different PDs

constituting them are shown in Figure 3.10. We identified three sets of configurations: a

triple complex with zero total Burgers vector, two triple-defect complexes with the Burgers
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vector of a perfect 60° dislocation, and a triple defect complex with the Burgers vector

aligned with the dislocation line, i.e., a screw dislocation. Note that the structure of the

zero total Burgers vector complex of defects and the screw-like Burgers vector complex

of defects are indistinguishable when observed in cross-sections. The MD simulations of

these four defects indicated that only the defect with zero total Burgers vector is stable

and doesn’t dissociate. As before, we performed our simulation at 1800K, and after 2ns

of simulation time, only the defect composed by three different PDs remained a single

complex of defects. Notably, as in the case of the ESF, no motion of the triple defects

was observed in 2ns of simulated time. On the contrary, all the triple PD complexes with

non-zero total Burgers vectors are unstable. Indeed in our MD simulations, the evolution

observed leads to a separation of the triple dislocation complex. During the annealing,

the defect dissociated into a single partial dislocation and an ESF; a 90° or a 30° extrinsic

partial dislocations depending on the starting triple defect.

Figure 3.11: MD simulated evolution of the 60°-like triple dislocation complex
formed by 90°-30°-90° partial dislocation sequence. Simulated time: (a): 0, (b): 30, (c):
60, and (d): 100 ps, respectively. Arrows indicate the directions of the Burgers vectors of
the triple dislocation complex (a) as well as double dislocation complex and 90° partial
dislocation (b–d).

In Figure 3.11, we show the structure of the 60°-like dislocation complex, which is

made by 90° + 30° + 90° PDs in sequence. The complex dissociates and produces a sta-

ble 30° extrinsic SF and a 90° partial, moving apart.

3.2.3 Conclusions on Stability

Figure 3.12 shows color maps of the the volumetric strain (εxyz), and the elastic energy

density (Edef) for two configurations of PDs. A clear connection exists between the two

properties and the fact that PDs attract and repel each other. It is seen that individual PDs
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Figure 3.12: Distribution of volumetric strain (a), (c) and elastic energy density (b),
(d) in 3C-SiC cell introduced by separated 30° and 90° partial dislocations located in
consecutive [11̄1] lattice planes (a), (b) and 30° extrinsic partial dislocation formed as a
result of their interaction (c), (d).

induce a value of εxyz that is opposite in its sign in the considered case (see Figure 3.12a).

After the joining of the two PDs the deformation is much less intense (see Figure 3.12 c,

d). We notice that the highest stability is obtained for the triple dislocation complex with

a zero Burgers vector.

The defect complexes that resulted in being stable were ESF formed by 90° and 30° PDs

andΣ3 formed by the combination of PDs that gives a total Burgers vector equal to zero. As

stated before, we do not observe the further motion of the PDs when they join in a double

or triple complex in our MD simulations at 1800 K in 2 ns. Hence, the mobility is reduced

at least some orders of magnitude with respect to individual partial dislocations. Because

of the reduced mobility, ESFs and zero Burgers vector triple SFs are expected in epitaxial

3C-SiC films. The zero-Burgers-vector complexes are reasonably expected to be the most

abundant ones, given the smallest distortion introduced by them. Indeed experimental

observations confirm our interpretation.[97–100] Notably, zero-Burgers-vector dislocation

complexes with the structures shown in the top part of Figure 3.10 have been observed in
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HRTEM images and were demonstrated to form at the interfaces of the 6H-SiC inclusions

in cubic silicon carbide.[100]
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3.3 Nature and Shape of Stacking Faults in 3C-SiC on Si(001)

In the preceding section, we identified which defects can terminate SFs. In this way, we

have identified the defects that can be found at the boundary between SFs and the per-

fect crystal. Still, we have not identified the shape of SFs and, particularly, of multi-plane

SFs in epitaxial 3C-SiC. The knowledge of the shapes assumed by SFs and why they as-

sume specific shapes can help fight detrimental defects. We expect growing techniques

and their optimization to benefit from a clear understanding of the dynamics of SFs (and

their bounding defects) during deposition. An interesting phenomenon that is not en-

tirely understood in the literature is the self vanishing of SFs,[101] as the authors call it. The

phenomenon is peculiar because it prescribes the reduction of the SFs linear density only

for SFs aligned along one of the 〈110〉. Namely, they observe that at the 3C-SiC surface SFs

that expose a line of Si atoms are much more abundant than those that expose (or termi-

nate with) C atoms. We assess the not complete understanding of this phenomenon to

the lack of proper modeling of three-dimensional SFs evolution in epitaxial 3C-SiC layers.

In a recent paper, to fill the gap, we exploit classical molecular dynamics (MD) to sim-

ulate the evolution of large-area SFs under the typical strain conditions encountered at

different stages of 3C-SiC growth.[102] We modeled the evolution of single plane SFs, even

if we know from the previous section that experiments demonstrate an abundance of SFs

grouped in two or three adjacent {111} planes, whereas single SFs are less frequent.[96] In-

deed, a successive nucleation mechanism has been proposed to explain such evidence.[81]

It consists of the nucleation of a partial dislocation (PD) loop at the stage of Si carboniza-

tion to release the tensile misfit strain, followed by nucleation of two additional loops in

adjacent planes during the subsequent 3C-SiC deposition stage. We will discuss the de-

tails of the mechanism in the next section of this Thesis. Still, the main point is that the

boundary of double extrinsic SFs is stabilized by a triple dislocation defect formed due

to the interaction between the PDs terminating the SFs. In Ref. [81] this defect has been

identified to be detrimental, introducing leakage current in 3C-SiC.[81]

In the presence of high-stress concentrations, e.g., in indentation,[103,104] dislocations

and SFs can nucleate in the simulation cell during MD simulations. Still, in the strain con-

ditions typical of epitaxial 3C-SiC, extended defect nucleation would require a very long

time scale, not achievable in a classical MD simulation. A common strategy to overpass
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this problem is to artificially introduce PD loops, skip the defects phase’s nucleation, and

study the evolution after the nucleation. We followed this approach. Please note that, in

this section and in the following, the positioning of the nucleated defects is used to study

certain aspects of SFs and partial dislocations evolution. Therefore the distance of the

defects from the free surface and the interface, as well as the film thickness, is chosen to

better suit the study of a specific aspect or mechanism. It is also worth noting that the nu-

cleation mechanism itself is not so important as long as the final result of the nucleation is

a SF which is bounded by PDs which evolution can be studied efficiently considering PD

loops.

In this Section, we show how we used the obtained results to interpret the experimen-

tal evidence, strengthening the general understanding of defect evolution in 3C-SiC. In

particular, we first clarify the mechanism resulting in the experimentally observed dif-

ferent extensions and terminations of SFs at the surface.[102] We performed MD simula-

tions with Vashishta potential at 1400K (typical experimental temperature during 3C-SiC

growth), and we showed that the SFs assume one of two shapes (∆ or V one), depend-

ing on the SF plane. The shape is determined by the evolution at different velocities of the

boundary of the SF. Some segments (the Si- terminating ones) propagate much faster than

others (the C- terminating ones). The resulting shape is inverted for the glide plane that

intersects the (001) surface along the [110] or the [11̄0] direction. Hence the observation of

a different SF line extension at the free surface is the consequence of the SF shape beneath

the surface. As we will explain later, such evolution and, therefore, the shape of each SF

is determined in the initial phases of the growth when a tensile strain is present. Indeed,

considering the theoretical work of Scalise et al.[81] we know that multiple (and in particu-

lar triple) SFs can be easily generated in a second phase of the growth when an inversion in

the strain sign is experienced in the epi-layer. Here we analyzed the possibility of succes-

sive nucleation of PD loops when pre-existing SFs are present. We analyze their shape and

provide details of the bounding defect structure. The possibility of forming multi-plane

loop complexes is interpreted in terms of reducing the elastic energy in the epi-layer. As

expected from the previous section, we obtain the maximum energy decrease when we

have a triple stacking fault with common boundaries and zero total Burgers vector. We
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used LAMMPS[38] as the MD engine and Vashishta as the potential function.[49] Simula-

tions were run in the canonical (NVT) ensemble, using a Nose-Hoover thermostat.[105] We

analyzed atomic configurations with OVITO software.[40] Simulation cells have been pre-

pared as orthogonal boxes with orientations: u = a/2[11̄0], v = a/2[110], and w = a[100].

PBCs were applied in the u and v directions. We do not explicitly introduce a Si substrate

because of Vashishta mathematical formulation which is not able to handle Si-Si bonds,

and we simply freeze the bottom three layers of the simulation not to have two free sur-

faces. The simulation cell extension is remarkable, and it was made up of 3’456’000 atoms

in a box with sizes 38.8×38.8×26.0 nm3.

Dislocation loops were inserted in the form of hexagonal partial dislocation loops

(HPD) by shifting each atom by the displacement field vectors calculated by dislocation

modeling in the framework of the linear elasticity theory as described in Section 2.3.4.

The integration time step was set to 1 fs. It guaranteed relative energy conservation of

10−5 in micro-canonical simulations. We scaled the simulation box dimensions to account

for thermal dilation of the 3C-SiC.

3.3.1 Strain condition in 3C-SiC during typical growth on Si (001)

The growing conditions experienced by epitaxial 3C-SiC can actually change drastically

during the growth, and hence the evolution of SFs is determined by such strain conditions.

In many growing approaches, they use a carbonization process to reduce the 3C-SiC misfit

with Si.[106] The tensile misfit of ≈ 20% between SiC and Si generates a tensile strain that

accumulates in the film. SFs develops typically in the tensile condition being the tensile

strain a known source of PDs. In particular, 90° PDs are expected to nucleate to resolve

the tensile stress. Indeed, in 3C-SiC, the only partial dislocation defects that can relax the

tensile stress are loops with Burgers vector of the family 〈112〉. A drastic change happens

when a reconstruction of the 3C-SiC/Si interface is formed. The formation of an ordered

array of edge dislocations just above the Si substrate allows matching five SiC unit cells

to four Si cells.[92] An easy calculation shows that if we match five SiC cells at the lattice

distance of four Si cells, we have a slightly compressed 3C-SiC layer at the growth temper-

ature. In the subsequent deposition, this change in the strain sign determines a change in

the class of defects that can generate, and in particular partial dislocations with Burgers
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vector of the two families 〈121〉 (30° PDs) and 〈211〉 (30° PDs, opposite screw component)

can appear.[81] In the following two subsections, we will discuss the two strain conditions

separately. In the first one, we will correlate the experimentally observed shape of SFs with

that observed in our simulation for individual SFs expanding in tensile strain conditions.

In the second, we present how the change in the strain sign can generate multi-plane SFs

with a shape that is the one determined by individual loops in the first stage of the growth.

3.3.2 Evolution of SF at the initial stage of the deposition

We studied the evolution of a general case SF by considering a hexagonal partial disloca-

tion loop. This choice arises from the fact that SFs lie in {111} planes, and dislocations in

zinc-blende lattice tend to be aligned along <110> directions. Hence, even if we insert PDs

as a circular loop, the bounding PDs terminating them will try to align along the six pref-

erential equivalents <110> directions in each plane. Therefore we started our simulation

with SFs, which are surrounded by a hexagonal-shaped loop as shown in Figure 3.13 (a).

Figure 3.13 shows four snapshots of the evolution of two HPD loops via MD. The

two SFs expand driven by an external applied bi-axial tensile strain εxx = εyy = 4%. We

have chosen the value of the tensile strain to be much smaller than the experimental one

(≈ 20%) because such strain is not compatible with MD simulation of dislocation loop

evolution. Strain higher than 5% produced pronounced crystal disorder making it im-

possible to determine SFs evolution straightforwardly. It should also be noted that local

reconstruction of the 3C-SiC at the Si interface will have a wide range of different intensi-

ties in the strain. Hence the tensile strain is not a know fixed value. For all these reasons,

the value of the tensile strain must be considered as a parameter. A 4% strain allowed us

to achieve essential aspects of a simulation: it was high enough to obtain a relevant evolu-

tion in a reasonable time. It was not too high to produce crystal disordering, which could

hinder SFs dynamics. On the left cell shown in Figure 3.13 we illustrate snapshots of the

evolution of an HPD loop that lies in a (111) plane. On the right cell (blue), we show the

evolution of an HPD loop lying in a (11̄1). The simulations are identical, except for the

glide plane where the HPD loop is located. As anticipated before, in this first section, we

focus on the initial stages of the 3C-SiC growth. We have that only PDs whose Burgers vec-

tor belongs to the family 〈112〉 can nucleate in tensile conditions. We will refer to HPDs
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Figure 3.13: Classical molecular dynamics simulations snapshots of the evolution of
hexagonal partial dislocation loops. Simulations were performed under bi-axial tensile
strain at 1400K, computing the atomic interactions using Vashishta potential. Periodic
boundary conditions are applied in x and y directions. Two simulations are analyzed in
parallel. On the left (red cell) the evolution of an HPD loop that lies in a (111) plane is
presented. The right panels (blue cell) show the evolution of an HPD loop lying in a
(11̄1) plane. Only stacking faulted atoms (orange), fixed atoms (dark blue) and surface
atoms (light blue) are shown for clarity. Dislocation lines, obtained with OVITO DXA
algorithm are displayed as green lines bounding the SFs. Four snapshots correspond to:
initial configurations (a), atomic configurations after 10 ps (b), 20 ps (c) and 30 ps (d) of
simulation time.

as 90° HPDs being a 90° angle between the loop Burgers vector and the segment of the

loop parallel to the [110] or [11̄1] direction. A geometrical analysis (see for reference pan-

els (a) and (f) of Figure 3.14) easily illustrates that each dislocation loop comprises three

segments terminated by silicon and three other segments terminated by carbon atoms.

Each segment also has a different character in terms of the angle with the HPD Burgers

vector. Each loop has two segments with a 90° character and four with a 30° character. If

we now consider the zinc-blende lattice, shown in Figure 3.14 (k) and (l), (111) and (11̄1)

planes are not equivalent in the order of which atom is above the other inside a glide set of

planes in 3C-SiC (dashed colored lines). As a consequence dislocation loops along (111)

and (11̄1) have inverted termination of their bounding PDs.

Considering the geometrical analysis of Figure 3.14 it is easy to interpret MD simula-

tion results. We indeed observe the two loops expanding in a very different manner. The

relative velocities of the PD segments model the loop evolution; 90 ° PDs will move faster,

30° PDs will move slower.[82,90] The dislocation loop suddenly reshape into a diamond loop

(Figure 3.13 panel (b)), having the 90° PD segments higher velocity than 30° ones. The 90°

segments bend until they are completely aligned as the other 30° PD segments. Because

the loop has only 30° PD segments now, the only difference in the gliding velocity of the PD
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segments is given by the termination of the PDs. As expected in many experiments,[107–109]

we find silicon terminating dislocations to be faster than carbon ones. Si terminating seg-

ments move faster, reaching the free surface or the 3C-SiC/Si interface first. The rest of

the loop expands much slower, and hence the SF has the shape of the slower segments. It

results in a triangular shape with the apex toward the surface if the C- terminating PDs are

in the upper half of the loop, while toward the Si substrate if the C- terminating PDs are in

the lower half of the loop. SFs will expose a line of C atoms at the free surface in the former

case and a line of Si atoms in the latter.

We can summarize the result by considering all the four possible glide planes. SFs that

expose a line of Si atoms along the [110] direction are those in the (11̄1) and (11̄1̄) planes;

SFs that expose a line of C atoms along the [11̄0] direction are those in the (111) and (111̄)

planes. They have a V -shape and a ∆-shape, respectively. One could argue that such an

evolution can happen in the first stages of the growth, hence only for few layers. Still, clear

experimental evidence exists that subsequent deposition of 3C-SiC decreases the length

of C-terminated SFs and increases the length of Si-terminated SFs.[68] This is due to the

C atoms having opposite polarity with respect to the surrounding Si-terminated surface.

The ∆ and V conformations of SFs are expected to be maintained during the growth of

successive 3C-SiC layers.

The evolution via MD described above can be also summarized as shown by the sketches

of Figure 3.14 (a)-(e) and (f)-(j). The evolution expected for HPD in the (111) and (111̄)

glide planes is shown in Panels (a)-(e); the evolution for HPD in the (11̄1) and (11̄1̄) planes

is shown in panels (f)-(j). Our results are in agreement with the experimental evidence

of a plane-dependent SF shape.[101] The final SF shapes obtained by MD simulations cor-

relate with the experimental evidence via optical microscopy investigations of a plane-

dependent SF shape.[101] The authors evidenced in the case of 3C-SiC layers grown on un-

dulated Si substrates the presence of almost only the Si-SFs (see the evolution expected for

SFs in (11̄1) and (11̄1̄) planes). Moreover, in Ref. [101] cross-sectional transmission elec-

tron microscopy imaging in the perpendicular (110) and (1̄10) showed only the stacking

faults in (11̄1) and (11̄1̄) planes, while the ones in (111) and (111̄) planes were not observed.

The authors used the V - and ∆-shape of SFs to justify the higher extension of Si-SFs and
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Figure 3.14: Diagram of the evolution of hexagonal partial dislocation loops in
different glide planes. The evolution of the loops with Burgers vector <112> under
tensile strain conditions is shown. Burgers vectors are displayed as red arrows. In the
top row (a - e) the evolution of loops in the (111̄) and (111) glide planes (i.e. glide planes
parallel to the [11̄0] direction) is shown. Middle row (f - j) shows the evolution of loops
in the (11̄1) and (11̄1̄) glide planes (i.e. glide planes parallel to the [110] direction). In the
bottom row (k - l) the reference zinc-blende structure projected in [110] and [11̄0]
directions is presented, relevant glide planes are highlighted by dashed lines.

shrinking of C-SFs, respectively. Our result provides a clear explanation for their observa-

tion, and an important step on the comprehension of SFs dynamics in 3C-SiC growth has

been done.

3.3.3 Formation of triple SFs at the deposition stage

The results of the previous subsection must take into account a noticeable point: SFs

rarely appear as individual SFs in 3C-SiC. More frequently, especially in the case of very

thick layers, SFs appear to be formed by more than one faulted plane. Still, the shape

of the defect complex is that described in the last subsection. Since we have a discrete

knowledge of which defects complexes can be stable from Section 3.2, we know that each

plane of the multi-plane SF has a different Burgers vector. One can thus suppose that

a subsequent nucleation mechanism happens once the epitaxial layer strain is inverted.

Such nucleation could lead to the formation of multi-plane SF if the new SFs have an en-

ergetic advantage in nucleate on planes adjacent to a pre-existing SF. As a consequence,

the formed multi-plane SF will acquire the shape of the former individual SF.
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Experimental investigations via cross-sectional TEM images have shown that by count-

ing the relative number of planes making up a SF, one finds a clear trend for different film

thicknesses. As the thickness of the film increases, the density of multi-plane SFs increases

as well, with triple SFs being the most abundant ones for thick layers. Individual SFs are

present only for thin SiC film and almost disappear in thick layers.[96] It exists a strong in-

terest in triple SFs. Indeed they have been identified as a possible cause of leakage currents

in 3C-SiC.[81] One should focus in particular on the bounding defects of such multi-plane

SFs because neither the SF per se neither the boundaries of individual SFs can introduce

significant states in the gap to explain the leakage problem in epitaxial 3C-SiC devices.[81]

In the next Section (3.6) we will describe how a successive nucleation mechanism forms

a triple SFs and which bonding defects are expected.[81] The proposed mechanism states

what was anticipated before: Initially, a SF nucleate and expands to release the misfit ten-

sile strain. After that, two other SFs are formed in the planes adjacent to the pre-existing

defect, inducing a triple SF (or a micro-twin). In Ref. [81], the authors proved the proposed

mechanism via MD, limiting their investigation to straight partial dislocation lines. It is

possible to generalize the proposed mechanism considering PD loops, even though the

actual nucleation cannot be studied in classical simulations. Nucleation is a rare event,

and we need to skip this process due to the modeling limits via MD. Still, we can infer in-

teresting things about nucleation and triple SF formation by considering the strain fields

of PD loops.

We identified which PD segments tend to form common boundaries and which do not

by performing static and energetic analyses of different configurations of three-dimensional

HPD loops. We geometrically optimized HPD loops configuration via an energy mini-

mization with Vashishta potential. Then we analyzed with OVITO the elastic energy, and

we produced a map for each HPD configuration (see Figure 3.15). Our findings provide a

working generalization in three-dimension of the mechanism proposed in Ref. [81]. Our

results further support our ideas about the formation of triple SFs, which we believe is

how the system chooses to relax its elastic energy efficiently.

In the panels of first column (a), (e) and (i) of Figure 3.15 the three possible individual

HPD are shown. Around each loop segment, a colored map displays the elastic energy in

the vicinity of the dislocation. Since we believe that a key factor in the formation of triple
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Figure 3.15: Elastic energy map near each segment of HPD loops. First column: maps
for single HPD loop with different Burgers vectors, (a) elastic energy map along a loop
with~b90 = [11̄2̄]; (e) along a loop with~b−30 = [121]; (i) along a loop with~b−150 = [2̄1̄1].
Second to fourth column: maps for combinations of HPD loops in adjacent planes,
segments of different loops are separated by a distance that varies form 1 nm (second
column) to 0 nm (fourth column). For different configurations of HPD loops the
difference in loop radii decreases along each row from 2nd to 4th column. (b-d) elastic
energy map for the combination of two loops with~b90; (f-h) combination of two loops
with~b90 and~b−30; (j-l) combination of three loops with~b90,~b−30 and~b−150, in this case
loops with~b90 and~b−30 have the same radius because they correspond to the stable
double HPD loop of panel (h) with~b30 = [211̄].

SFs is the loop interaction and not a strain release mechanism, no strain is applied to the

presented configurations. The three loops are labelled as follows,~b90 = [11̄2̄],~b−30 = [121],

~b−150 = [2̄1̄1]§. The defects are aligned with the direction shown by the three arrows on

the right of Figure 3.15, x = [1̄12], y = [110] and z = [11̄1]. The HPD loop shown in Fig-

ure 3.15 (a) can relax the initial tensile strain. The two loops in Figure 3.15 (e, i) can relax

a compressive strain. In Ref. [110] the authors proposed a hypothesis for the formation

of multiple SFs. They stated that a multiple SF could originate from PD loops with the

same Burgers vector nucleated under tensile strain conditions. We initially follow their

hypothesis, and we plot the elastic energy corresponding to two HPD loops with the same

Burgers vector in Figure 3.15 (b)-(d). It is evident that the elastic energy increases as the

two loops segments become close to each other. The compressed/dilated regions near

each segment are identical, so they superimpose, dramatically increasing the elastic en-

ergy (see panel (d)). Considering these results, it’s evident that forming a multiple SF by

identical PD loops in adjacent planes is unfavorable. Even if they nucleate on adjacent

planes, their bounding defects will remain separated, and we know that such defects do

not introduce detrimental states in 3C-SiC, being them individual 90° PDs.

§each HPD loop is identified by referring to its Burgers vector and the angle between the latter and the
HPD loop segment parallel to the 3C-SiC/Si interface
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Figure 3.16: Elastic energy of three combinations of HPD loops as a function of the
difference between the loop radii: red bars represent the elastic energy of two HPD
loops in adjacent planes, both loops having~b90; green bars show the elastic energy of
two HPD loops in adjacent planes, one with~b90, the other with~b−30; blue bars
correspond to the elastic energy of three HPD loops in adjacent planes, one with~b90,
one with~b−30 (with the same radius), one with~b−150.

We hence consider the mechanism proposed in Reference.[81] Once the strain changes

after the carbonization step, the nucleation of SFs in the planes adjacent to the first SF is

enhanced, but they are generated by defects with a different Burgers vector. So we consid-

ered as first loop the same while the second loop has a different Burgers vector, either~b−30

or~b−150 (note that they both relax compressive strain). Figure 3.15 (f-h) indeed shows that

the interaction between loops with ~b90 and ~b−30 is attractive, and that the elastic energy

decreases as the segments of the two loops approach each other.[79] Eventually, the most

favorable configuration is the latter when the two loops join. They form a double SF and

a bi-plane HPD loop with Burgers vector~b30 = [211̄]. Note that this can be easily justified

considering that the compressed/dilated regions near each segment are opposite, so they

mutually relax. The compression/dilation is stronger in the equatorial plane of the loop,

so the effect is stronger if the two loops are situated in adjacent planes. It justifies nu-

cleation events located preferentially on the adjacent plane. Obviously, triple SFs can be

justified similarly by considering the third possible Burgers vector. If we take as starting

HPD loop the one formed by~b90 and~b−30 HPD loops (Figure 3.15(h)), and we add a third

HPD on top, with the last possible Burgers vector, we quickly note that the resulting inter-

action is similar. This is almost expected because the third HPD loop has a Burgers vector,

which is the opposite of the double HPD. The elastic energy decreases as the segments of

the two loops become closer (see Figure 3.15 (j)-(l)), and the reduction is almost complete

when the loops overlap entirely. From the crystal’s elastic energy point of view, the forma-

tion of the triple SF with a sharp boundary and a zero total Burgers vector is completely
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justified. Figure 3.16 summarize the results of Figure 3.15. Each bar in the figure is the

elastic energy of the whole cell for each one of the configurations shown in panels (b)-(d),

(f)-(h), (j)-(l) of Figure 3.15. The elastic energy of the cell where we inserted two HPD loops

with the same Burgers vector is represented by red bars ("double loop A" in Figure 3.16).

When the loop segments approach, the elastic energy increases. In the other cases, the

elastic energy decreases. Green bars ("double loop B" in Figure 3.16) show how the energy

decreases in the case of the double loop formed by HPD loops with different Burgers vec-

tors. Finally, blue bars ("triple loop" in Figure 3.16) display how the energy is dramatically

reduced in the case of three loops with three different Burgers vectors. We can summarize

the process by saying that the most abundant class of SFs are triple ones. Their shape is

what we have called a ∆- or a V -shape depending on the SF plane, and its boundary is a

dislocation with a zero total Burgers vector. The order of the individual PDs expected is

shown in Figure 3.17 as well as an exemplification of the three-dimensional shape. Such

a SF is formed in sequence. Initially, a SF is generated in tensile conditions, and it ac-

quires the ∆- or V -shape depending on the SF plane. Once the strain change, a second

SF forms in one of the planes adjacent to the original SF. Eventually, a third SF nucleates

in the other adjacent plane. The two SFs acquire the former SF’s shape and form a micro-

twin with a common sharps boundary. The defects that generated the two successive SFs

must have a Burgers vector different from the former SF and distinct from the other. The

last prescription is that their Burgers vector should be those relaxing compressive strain

deformations. The structures shown in Figure 3.17 have been obtained by inserting three

trapezoidal PD loops in three adjacent glide planes. The obtained configuration has been

geometrical optimized using a conjugate gradient algorithm. The potential used was the

Vashishta potential. The central SF in both the structures is generated by a defect with

Burgers vector belongings to the family~b90 = 〈112〉. The other two SFs that sandwich the

middle one is generated by defects that have two different Burgers vectors belonging to

the two families~b−30 = 〈121〉 and~b−150 = 〈211〉. The core structure of the bounding, zero

total Burgers vector, dislocations are displayed in the circular insets of the Figure 3.17.

These configurations are shown in detail because in Ref. [81] some of them have proven

to be a leakage currents potential source.
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Figure 3.17: Shape and terminations of triple SFs. Top: SF shape in the (111) and
(111̄) planes; Bottom: SF shape in the (11̄1) and (11̄1̄) planes. The dislocation line is
colored in red. In the circles the core structures projected on the planes perpendicular
to the line direction are highlighted. Core atoms are colored to indicate the Burgers
vector of the dislocation in the respective plane: each color correspond to a different
Burgers vector, with the same nomenclature of Figure 3.15. Blue sticks and atoms
correspond to zinc-blende structure, orange ones to wurzite structure. Lighter hues are
used in the defect surroundings.
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3.4 Mechanism of stacking fault annihilation in 3C-SiC on Si(001)

In the previous sections, we have considered SFs generated by the expansion of 90° par-

tial dislocation loops, evolving under the initial tensile strain. Still, other mechanisms

are possible, and probably a combination of many different ones are the cause of SFs in

epitaxial 3C-SiC. An alternative path that can explain the presence of SFs is the dissoci-

ation of 60° misfit dislocations formed at the 3C-SiC/Si interface during the carbonation

step. This phenomenon was ignored in the preceding sections. Still, it can regard another

experimentally observed behavior, the annihilation of SFs via the intersection between

SFs and junction of their bounding partial dislocations. Indeed if two SFs generate from

the 3C-SiC interface and migrate throughout the epi-layer, they can cross and stop before

reaching the free surface. In the point of view of increasing 3C-SiC quality, it is of particular

interest to understand the mechanism behind this experimental observation.

Unlike other types of extended defects, stacking faults cannot be completely elimi-

nated by mutual annihilation even in very thick 3C-SiC layers due to concurrent stacking

fault generation.[111–113] The minimum SF densities achieved so far for 3C-SiC grown on

flat Si(001) substrates amount to about 104cm−1.[96] Specific substrate patterning such as

undulation,[114] inverted pyramidal structuring,[115,116] and deep profiling in the form of

ridges or pillars,[117,118] was proposed to reduce this value. Nevertheless, 3C-SiC layers

with acceptably lower SF concentrations remain a challenging goal.

SF elimination may take place by mutual annihilation mechanism,[113,119] i.e., the prop-

agation of stacking faults lying in opposite {111} planes is suppressed upon their intersec-

tion. Two SFs migrating from the 3C-SiC toward the free surface can stop propagating in

the film if their bounding PDs met and form the so-called Lomer–Cottrell lock. Alterna-

tively, one can stop its motion if the SF extension’s PD is blocked upon encountering a

stacking fault on its route.[96,120] This mechanism requires a more profound comprehen-

sion of the conditions of 3C-SiC epi-layer growth and the characteristics of stacking faults

and terminating them partial dislocations. Based on the obtained results, we character-

ized the SF annihilation mechanism in key terms: stress in the 3C-SiC layers at different

growth stages and mutual arrangement and orientations of the Burgers vectors of SF lead-

ing partial dislocations. These results have been published in Ref. [80].

Simulations cell were set as an orthogonal boxes defined by the vectors [1̄10], [110] and
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[001]. The box encloses 86’400 atoms and has the following size: 281.6×12.4×240.2Å3. It

ensured an optimum balance between the computational cost and the accuracy of the

description of considered defects. We modeled an infinite 3C-SiC slab as the rest of this

Thesis by applying PBCs in the X and Y direction. The bottom three layers were kept

immobile as done before. The results were analyzed using OVITO. PDs were inserted

with dislocation lines along the Y-axis by shifting all the simulation cell atoms by the dis-

placement vectors calculated as described in Section 2.3.3 in the framework of dislocation

theory.[2] The displacements have also been corrected to account for the infinite disloca-

tion arrays created by the periodic boundary condition along the X axis.[2,81,121] MD sim-

ulations were performed using the LAMMPS in the canonical ensemble (NVT) using a

Nose–Hoover thermostat. The Vashishta potential described the atom interactions in the

3C-SiC phase. The molecular dynamics time step was set to 0.3 fs. Simulations were per-

formed at the thermostat temperature of 1800 K. Thermal dilation of the 3C-SiC layer was

accounted for scaling up the cell dimensions by the factor obtained from simulations in

the NPT ensemble.

3.4.1 Experimental evidence of stacking faults annihilation

Figure 3.18: Low-magnification TEM image of the 3C-SiC layer epitaxially grown on
Si(001) substrate. [001] is the growth direction. Stacking faults appear as the white lines.
Marked areas 1 and 2 show the "inverted V" and "λ"-shaped stacking fault intersections.

The phenomena we are discussing in this section are both evident in the low-magnification

cross-section TEM image of the epitaxial 3C-SiC layer shown in Figure 3.18. The 3C-SiC
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layer is observed in the (110) projection plane. The high density of SFs in the first nanome-

ters from the Si substrate is too high to obtain clear images. Hence, the TEM image has

been taken at a distance exceeding 1µm from the 3C-SiC/Si interface.[112] The SFs in the

TEM image are individuated by the white lines tilted by≈35° from the [001] direction. They

form "inverted V " or "λ" patterns. The two patterns are highlighted in the figure by the

numbered circles. Circle "1" encloses the "inverted V " pattern, i.e., complete annihilation

of the SFs. Circle "2" encompasses the other one, i.e., partial annihilation. The number of

planes that made up the SFs of Figure 3.18 can be higher than one. Still, we can determine

the evolution of multi-plane SFs considering the evolution of the intrinsic stacking faults

composing them.[81]

We recall once again that the evolution of SFs is determined by the motion of PDs sur-

rounding the SF because of the stress present at different stages of layer growth. In the first

stages of the growth, a carbonation process converts the upper part of a Si substrate into

a thin 3C-SiC film, accomodating the lattice mismatch between the two materials.[96,113]

On average, Lomer dislocations form every five 3C-SiC planes at the 3C-SiC/Si substrate

interface,[122] and most of the misfit tensile strain is released. Still, some of the strain can

remain unreleased because of the difference between the expansion coefficients of SiC

and Si.[123,124] This remaining strain is released by 60° perfect dislocations. They can form,

but as they appear, they suddenly dissociate into pairs of 90° and 30° PDs with a SF in

between.[125] The former PD is at the end of the SF toward the Si substrate, while the lat-

ter is at the upper end. The tensile strain pushes the 90° PD into the 3C-SiC/Si interface,

where it remains pinned. The trailing 30° PD remains closer to the 3C-SiC layer surface. It

can further extend SF in the 3C-SiC film.[120] After the carbonization, the relaxed 3C-SiC

layer assumes a slightly compressive strain condition (≈0.45%) because of the different

expansion of Si and SiC lattices.[123,124]

30° partials lead the relaxation in compressive strain.[126] The 90° PDs remain pinned

at the 3C-SiC, and 30° ones migrate through the 3C-SiC film. They now lead the extension

of SFs in the crystal, and when two of such SFs belong to non-parallel planes meet, they

can form the "inverted V " or "λ" intersection patterns. It is challenging to observe such
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evolution experimentally, but MD simulation can be the right tool to confirm our under-

standing of the annihilation processes. Indeed it allows us to set up ad experiments to val-

idate our hypothesis with a significant spatial and scale resolution. Still, one should never

forget to make a ponderated choice of the most suitable potential function for a particular

task. As described in Section 3.1 and published in Ref. [82], we have validated the reliabil-

ity of PDs dynamics in 3C-SiC layers with Vashishta potential, and we treat the results on

the mechanisms of dislocation motion and interaction, obtained, with high confidence.

Nevertheless, the results via MD are potential-dependent and will always deviate, to some

extent, from real processes.

We prepared the simulations by inserting pairs of 90° and 30° PDs on the two glide

planes (11̄1̄) and (11̄1)) with the 90° PDs in the region where atom are fixed. In this way, we

account for the pinning of those at the SiC/Si interface.[120] The 30° PDs are instead in the

upper region of the cell and are free to move. The strain applied to the simulation box was

set to 1.2% instead of the experimental value of ≈0.45%. The slight increase in the strain

inserted is a trick to compensate the overestimation of the SF energy of the Vashishta po-

tential with respect to the actual value (12.09 meV Å−2 (Ref. [82]) vs. 2.51 meV Å−2 (ob-

tained by DFT calculations[36]). The increase precisely enlarges the Peach–Koehler force

acting on the leading dislocations to compensate for the excess of attractive force between

the 30° and 90° PDs due to the SF Vashishta overestimation of the SF energy.

3.4.2 Intrinsic Stacking Faults annihilation

Inverted "V " shape junction of SFs

MD results on the formation of an "inverted V " intersection patterns are shown in Fig-

ure 3.19. We observe the annihilation of both participating SFs via the joining or their

trailing 30° PDs. The two PDs have a Burgers vector with an opposite screw component.

The reaction between the two segments is: a
6 [1̄2̄1] + a

6 [211̄] → a
6 [11̄0] (or, alternatively,

a
6 [211]+ a

6 [1̄2̄1̄] → a
6 [11̄0]). We found that the trailing PDs attract each other and form

an inverted V defect even if we prepare the simulation cell so that they should not arrive

at the intersection point simultaneously. More precisely, an effective radius of 15nm ex-

ists for the attraction of the two dislocations. The 15nm value should be subject to some

deviation from the actual value, being potential-dependent.
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Figure 3.19: MD simulation snapshots of the formation of "inverted V"-shaped
intersection of stacking faults in 3C-SiC epi-layers on a Si(001) substrate by the
interaction of leading 30° partial dislocations with opposite screw components of
Burgers vectors. The simulation time: a - 0, b - 120 ps, and c - 180 ps. Blue atoms
correspond to the Si and C atoms in the cubic diamond lattice, orange atoms belong to
the stacking faults. Inset in panel (c) shows the atomic configuration of the formed
Lomer–Cottrell lock dislocation.

At the intersection of the two SFs, a Lomer–Cottrell lock dislocation forms. The core

of the dislocation is indeed characterized by the presence of a six-member ring of atoms

(see Figure 3.27 (c) and Ref. [120]).

The "λ" shape junction of SFs

We found two pathways for the formation of "λ"-type SF intersections. Each column of

Figure 3.20 report one of them. In column number one, panels (a) to (c) show the first

case: two SFs propagate in the film on (11̄1) and (11̄1̄) glide planes, but the trailing PDs

at the upper extreme of the SFs do not interact enough. The PD, which arrives last at the

intersection point, stops upon encountering the stacking fault left behind by the PD who

came there first. Similar behavior happens no matter the Burgers vector of the two trailing

30°PDs. Indeed, trailing PDs cannot glide over an existing SF because they would generate

a high energy structure. That limits their further motion, not the reciprocal orientation of

the Burgers vectors. In Figure 3.20c we report the atomic configuration at the SF inter-

section. The second column, panels (d) to (f) of Figure 3.20 show the alternative pathway:
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Figure 3.20: MD simulation snapshots of the formation of "λ"-shaped intersections
of stacking faults in 3C-SiC epi-layers on a Si(001) substrate in the case of the large
distance between the 30° leading dislocations (a-c) and as a result of the interaction of
closely spaced 30° dislocations with equal screw components of Burgers vectors (d–f).
Simulation time: a - 0, b - 360 ps, c - 540 ps, and d - 0, e - 60 ps, f – 200 ps. Blue atoms
correspond to the Si and C atoms in the cubic diamond lattice, orange atoms belong to
the stacking faults. Inset in panel (c) shows the atomic configuration of the intersection
of 30° partial dislocation with crossing stacking fault, also corresponding to the
intersection in panel (f).

Two SFs bounded by trailing 30° PDs with the same screw component of the Burgers vector

will not form an inverted V - pattern in any case. They will always create a "λ"-shaped SF

intersection. Indeed, even if we introduce the two trailing PDs at the glide plane intersec-

tion (see Figure 3.20 (d)), they will separate. Once one of them is pushed away, the other

will migrate toward the free surface, leaving a SF behind. The SF limits the further motion

of the remaining PD, and the "λ" pattern is observed. The structure at the intersection is

the same that we showed in the inset of Figure 3.20 (c).
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Figure 3.21: Elastic energy maps corresponding to the interaction of closely spaced
30° partial dislocations with opposite (a and b) and equal (c and d) screw components
of Burgers vectors in the initial (a and c) and final (b and d) states of evolution.

Discussion on simulation results

MD simulations results can be summarized as follows. The gliding of 30° trailing PDs ter-

minating the SFs determines the formation of SF intersection patterns in 3C-SiC epitaxial

layers. The presence of a compressive strain determines the glide of the PDs from the

3C-SiC/Si interface to the free surface. The SF extension, all the way from the interface

to the free surface, can be limited by the two pathways identified by our calculations. 30°

PDs will stop gliding if they encounter a SF on their path or come close to another 30° PD

that possesses a Burgers vector with an opposite screw component. In the former case,

shown in Figure 3.20, the 30° dislocation is suppressed from further gliding at the intersec-

tion junction because of the disconnection of its slip plane. In the latter, the two defects

form the so-called Lomer–Cottrell lock shown in Figure 3.19. The presented results can

be viewed in connection with elastic energy maps. The dislocation energy is proportional

to the square of its Burgers vector, ~b2,[2,19] hence the formation of a Lomer–Cottrell lock

should appear to be more convenient than two individual PDs. The elastic energy maps

of the configuration of the Lomer-Cottrell lock formation (shown in Figure 3.19 (a) and (c)

are shown in Figure 3.21 (a) and (b), respectively). The elastic energy maps confirm the

convenience of the Lomer-Cottrel lock over individual PDs.
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Via the formation of the Lomer-Cottrell lock, two stacking faults are excluded from

the further extension. Therefore, the process is the most efficient in reducing SF con-

centration in the 3C-SiC layer. On the contrary, the reaction of two 30° PDs with equal

screw components of their Burgers vectors is unfavorable, leading to the increase in the

elastic energy of the crystal. Indeed the trailing PDs would combine Burgers vectors as

a
6 [1̄2̄1]+ a

6 [1̄2̄1̄] → a
3 [1̄2̄0] (or, alternatively, a

6 [211]+ a
6 [211̄] → a

3 [210]). Figure 3.21 (c) and

(d) show the energy maps corresponding to the configurations in Figure 3.20 (d) and (f),

respectively. The separation of the mentioned dislocation indeed decreases the elastic en-

ergy of the crystal. Still, a process that reduces the number of SFs is possible, but only one

of them is excluded from further motion.

Our study provided insight into the annihilation mechanisms of stacking faults ob-

served experimentally in 3C-SiC layers on silicon to reduce SF concentration. It suggests

that manipulating the stress in the 3C-SiC layers during deposition may help in SF elimi-

nation, e.g., by limiting the propagation of the 30° partial dislocations leading the SFs via

optimization of the growth temperature. The generation of new SFs can also be limited by

the attenuation of the compressive strain.
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3.5 Multiple stacking fault formation via partial dislocation loops

evolution

In the previous sections, we have seen that many Burgers vectors characterize the bound-

ing dislocation of single plane (intrinsic SF). They move as prescribed by the Peach and

Koehler force depending on the strain sign present in the epi-layer. They can be grouped

into two classes, dislocations with Burgers vector that extend SFs in the presence of tensile

strain and dislocations with Burgers vector that extend SFs in the presence of compressive

strain. For simplicity, we can ignore the possibility that SFs can generate from the disso-

ciation of 60°, and instead, we consider SF as generated by dislocation loops. In such a

simplification, the behavior of SF-bounding dislocations is the same; we are just ignoring

the dislocation segments pinned at the 3C-SiC interface or that have been expelled from

the free surface.

Therefore we decided to tackle the problem of multiple stacking fault formation by

studying the evolution of partial dislocation loops via an MD approach. MD allows us to

prepare ideal configurations and study them evolving in controlled conditions, and after

that, inferring which phenomenon can be considered to explain multiple stacking fault

formation. In an ideal scenario, one could perform an extremely long simulation and ob-

serve SF nucleating under the effect of external stress. Still, in reality, such events are so

rare that no amount of computational power can give us results in a reasonable time. This

is true for the values of strain on which we are interested, which are those typical of epi-

taxial systems. Therefore, we set up simulations where we skipped PD loops’ nucleation

and started them with dislocation loops already present. MD simulations have been per-

formed using LAMMPS code in the Nose-Hoover thermostat regime at the temperature

of 1000 K. The value of the time step has been chosen equal to 1 fs based on the energy

conservation of the simulation system in the course of preliminary simulation runs. The

simulation cell used to perform the analyses on the behavior of partial dislocation loops

were box-shaped simulation cells bounded by the planes with orientations [11̄2̄], [11̄1],

and [110] in the directions of the axes X , Y , and Z , respectively. With such an orientation,

the glide plane of the dislocation loop is aligned along the X Y plane, and the segment of

the loop that corresponds to the misfit segment is oriented along the Y axis. We call "misfit

segments" those segments of the dislocation loops which would be parallel to the 3C-SiC
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interface if the loop was in a cell oriented along the conventional x = [1̄10], y = [110], and

z = [001] set of reference direction with the free surface on one side of the cell in the z di-

rection and the 3C-SiC interface at the other extreme. Periodic boundary conditions were

applied in all three directions. That segment can be one the two straight segments shown

in Figure 3.22 (a).

Figure 3.22: Insertion of a SF in a simulation cell. (a) Partial dislocations limiting a SF;
(b) An hexagonal shaped loop as inserted in the simulation cell.

This time, the cell contained 259’200 atoms and was sized as 27 ·
p

6
6 4a ×30 ·

p
2

2 2a ×5 ·
p

3
3 6a, where a is the 3C-SiC lattice constant for Vashishta potential. Analysis of the defect

structures in the 3C-SiC systems obtained at the various time steps was performed using

OVITO. Dislocations loops were inserted as described in Section 2.3.4, as prescribed in the

framework of dislocation theory.[2] The dislocation loop so inserted, with an hexagonal

shape, is illustrated in Figure 3.22 (b).

3.5.1 Intrinsic stacking fault evolution under shear strain

Our investigation focused on the possibility that a pre-existing SF can enhance the nucle-

ation of another dislocation loop on the glide plane adjacent to the defect’s glide plane.

As a starting point, we need to know the barrier that has to be overcome to nucleate the

dislocation loop. There exist some methods to obtain a precise estimation of the barri-

ers for rare events, one of the most used is the Nudged Elastic Band.[127] This method

was applied successfully to dislocation nucleation in epitaxial Ge films on Si substrates by

Trushin et al. in Ref. [26]. The exact value of the barrier for the nucleation of a dislocation

loop is strongly influenced by the potential function used, by the presence of free surfaces

or steps. Therefore, we decided not to use such methods, mainly because we are inter-

ested in establishing the presence or not of an enhancement of the nucleation. We are not

interested in the value of the barrier per se. So we have proceeded as follows: we have
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Figure 3.23: Evolution via MD simulation of SF under shear strain. In each row a
different radius of the PD loop that surrounds the SFs is simulated. The Burgers vector
and the loop radius are written on the left. (a)-(c), (d)-(f): sub-critical loops; (g)-(i),
(j)-(l): super-critical loops; (m)-(o): sub-critical loop with a different Burgers vector;
(p)-(r): sub-critical loop of frame (m) placed in the glide plane adjacent to a
super-critical loop with a different Burgers vector.

created many loops with a different radius, and we have let them evolve under the effect

of an externally applied strain. The strain was applied as a shear strain (εxz), inserted by

deforming the simulation cell by tilting the z axis in the x direction. We have set the shear

strain to a fixed value εxz =−4%. The shear strain can make a dislocation loop open in the

same way that the compressive/tensile strain makes it open in the epitaxial system. In this

case, the strain acts the same way as the compressive strain present in SiC film after the

carbonization process. Hence, it is the right one to study the expansion of SFs surrounded

by PDs with Burgers vector that forms an angle of 30° with the misfit segment of the loop.

Here below, we will refer to such loops as "30° partial dislocation loops".

A minimum loop radius that can make the dislocation loop open for a determined

shear strain value exists. This behavior can be interpreted as determined by two opposite
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forces acting on the dislocation loop. On one side, the shear strain pushes each loop seg-

ment away from the other to resolve the applied shear strain. On the other side, each loop

segment is attracted by its counterpart with opposite line direction on the other side of the

dislocation loop. In Figure 3.23 we reported the obtained loop evolution for dislocation

loop radii from 2.2nm to 3.7nm. As clearly visible in Figure 3.23 (a)-(c), (d)-(f) and (m)-(o),

if the dislocation loop is to small it collapse leaving an almost perfect crystal as a result

at the end of the simulation. Instead, if the loop radius is higher than the critical value,

the loop expands and the SFs enlarge itself (see Figure 3.23 (g)-(i) and (j)-(l)). It is worth

noting that the SFs evolution observed is coherent with the experimental observation of

SFs expansion in hexagonal SiC.[128] Indeed the initially circular-shaped loop assumes a

diamond shape at the end of the simulation. This behavior is due to the boundary dislo-

cation surrounding the SFs, which possesses a different character in terms of terminating

the species and the Burgers vector. A simple scheme to better clarify this point is given in

Figure 3.24.

Figure 3.24: Sketch of the termination and the character of PD loop segments for the
three possible Burgers vectors (first column) and the expected evolution under a shear
strain (second column). (a), (b)~b90 = 〈112〉; (c), (d)~b30 = 〈121〉; (e), (f)~b150 = 〈211〉.

A generic-shape SF has six preferential orientations for the bounding dislocation lines.

They are the 〈110〉 directions in its glide plane, in general, a {111} plane, and in our simu-

lation the (11̄1) plane. Let’s consider the three possible Burgers vectors of a partial dislo-

cation loop. We will always obtain a diamond shape because we always have a dislocation
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segment oriented perpendicularly to the Burgers vector of the loop. Such segment will

move faster, in particular the Si- terminating one as we found in our publication,[82] and

we described in Section 3.1.

This section focused on 30° partial dislocation loops, but a similar behavior is also

observed for 90° PD loops. The main difference is that the strain sign to make a 90° PD loop

open is inverted, and, with equal radius, a lower strain is necessary to make the loop open.

In truth, the different strain sign and the big difference between the critical loop radii

make very difficult to study via MD the possibility of formation of multiple SFs considering

together all the three Burgers vector. We recall here that for this reason, in Section 3.3

we performed an analysis of the elastic energy of multiple loops instead of performing

the same simulation scheme presented here. We anticipate that we will overcome this

problem in the following main section, considering only straight dislocation lines. An

interesting simulation of the formation of multiple SFs will be discussed in detail.

3.5.2 Extrinsic stacking fault formation via PD loop evolution

As shown in Figure 3.23 for both the two Burgers vector suitable for the insertion of SF

in the considered glide plane, i.e. ~b = [211̄] and ~b = [1̄2̄1̄], loops with radius below 3nm

collapse with the strain which was set in the presented simulations. But the behavior

drastically changes if one PD loop is placed on the glide plane just above or below the

SF generated by another dislocation loop if the latter has a different Burgers vector. In-

deed, consider the loop with Burgers vector ~b = [1̄2̄1̄] in Figure 3.23 (m)-(o), it collapsed

being the only SF in the simulation cell. Instead, if it is placed in the closest glide plane

above a super-critical partial dislocation loop with the other Burgers vector (~b = [211̄]) it

opens and a double SF is formed (see Figure 3.23 (m)-(o)).

In Figure 3.25 we reported relevant simulation frames of this process for the formation

of double SFs. The two loops are inserted as HPD loops as in Section 3.3, the bigger one

has Burgers vector ~b = [211̄] and a radius of 3.7nm, the smallest one has Burgers vector

~b = [1̄2̄1̄] and a radius of 2.2nm. Even if the radius of the latter is below the critical value for

a single SF opening, the smaller loop expands (in a diamond shape aligned with its Burgers

vector as sketched in Figure 3.24). The bounding dislocation of the small loop and the big

one met in a few ps of simulation time, as shown in Figure 3.25 (b). The joining of two
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(a) Starting configuration. (b) After 4 ps. (c) After 10 ps.

(d) After 20 ps. (e) After 50 ps. (f) Slicing plane of final con-
figuration.

(g) Section of the ESF as shown in 3.25 (f)

Figure 3.25: Molecular dynamic simulation of the formation of an extrinsic SF. The
presence of a HPD loop with a different Burgers vector enhances the opening of a
sub-critical HPD loop.

30° dislocations with opposite screw components leads to the formation of a stable defect

as described in Section 3.2. Once the two lines meet, they remain together and move as

a whole (see Figure 3.25 (c) and (d)). Progressively the rest of the small loop reaches the

bigger one, and a double extrinsic SF is obtained as displayed in Figure 3.25 (e). Only a

section of the bigger loop remains as a single plane SF, the segment of the bigger loop that

is Si-terminated and is perpendicular to the Burgers vector of the loop, being it the fastest

segment. The cross-section displayed in Figure 3.25 (g) shows the nature of the dislocation

that bound the ESF. One can easily find the very stable structure identified in Section 3.2.
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3.6 The origin and nature of killer defects in 3C-SiC

So far in this Thesis, we have discussed various aspects of SFs evolution and formation in

epitaxial 3C-SiC. Still, they are so numerous that one should find a precise "enemy" for

fighting. Once an accurate defect is identified as the most deleterious one, selective ap-

proaches can be imagined. Indeed, once we know what causes the problems typical of

3C-SiC, we can either focus on eliminating the defect causing the problem or compensate

for the problem themselves. With that in mind, let’s consider once again how 3C-SiC is

typically grown. The first step is characterized by the so-called carbonization process. It

allows the relaxation of the high tensile strain via the formation of arrays of sessile Lomer

dislocation at the interface between the 3C-SiC film and the Si substrate. Some stress still

remains in the film and can partially be relaxed by the nucleation of PDs. Those dislo-

cations introduce hexagonal phases into the cubic SiC; hence their formation is favored

by the polytipism of the material. At the high deposition temperatures (T = 1200-1400

°C), indeed, the inclusion of hexagonal polytypes in 3C-SiC effectively corresponds to the

appearance of the multi-plane stacking faults in the cubic lattice.[36,129] several attempts

have been made to achieve SF densities reduction.[68,101,117,130–132] Multi-plane SFs have

lower formation energies than the single-plane SF,[36] and they are found to be more abun-

dant also experimentally.[92,96,133–135] Even if a clear correlation exists between the high SF

density and the presence of detrimental leakage currents,[67–72,101,136] it is an open ques-

tion what directly causes the leakage currents. Indeed SFs per se does not introduce mid-

gap states in the 3C-SiC phase.[137,138] Therefore, we have focused on defects surrounding

SFs, considering them valid candidates as killer defects in 3C-SiC, inducing leakage cur-

rents. In our recent article[81] we use a multi-scale approach combining classical molecu-

lar dynamics (MD) simulations and ab initio calculations to study the formation mecha-

nisms and the electronic properties of complexes of partial dislocations in 3C-SiC epitaxial

layers. We will show that the strain conditions in 3C-SiC growth enhance the probability

of obtaining three partial dislocations in adjacent planes. They can form triple-plane SFs

in agreement with experimental indications.[96] As shown in various points of this Thesis,

a strong interaction force exists between PDs, especially when located on adjacent planes.

They can form a complex of defects made up by PDs aligned to create multi-plane dislo-

cations. Ab initio calculations demonstrated the appearance of defect states in the middle
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of the bandgap of 3C-SiC for many of these stable configurations. The most detrimental

ones were those composed of three successive SFs.

This section, which follows our results in Ref. [81] is organized as follows. We will

present the discussion of the obtained results in two parts: we first discuss in detail the ori-

gin of the dislocation complexes studied by MD simulations. Then we will briefly present

the electronic properties, obtained by ab initio calculations, of the partial dislocation com-

plexes. This latter part will be discussed for completeness, but it regards the work done by

other group staff members. Details on this part can be found in Ref. [81].

The formation of dislocation complexes was studied via MD simulations. The sim-

ulations were performed using the LAMMPS in the canonical ensemble (NVT) using a

Nose–Hoover thermostat. The Vashishta potential described the atom interactions in the

3C-SiC phase. The molecular dynamics time step was set to 1 fs. Simulations were per-

formed at the thermostat temperature of 1400 K, which represents the typical growing

temperature. Thermal dilation of the 3C-SiC layer was accounted for scaling up the cell

dimensions by the factor obtained from simulations in the NPT ensemble. The atomic

trajectories were analyzed with OVITO.

The simulation cell is composed of an orthogonal box defined by ~s = a
2 [11̄0], ~v =

a
2 [110], ~w = a[001]. We modeled an infinite 3C-SiC slab as done before by applying PBCs

in the X and Y direction. The bottom three layers were kept immobile as usual. The sim-

ulation cell is composed of 40’320 atoms arranged in a 21.6×1.23×15.7nm3 box.

We inserted dislocations lines according to the displacement field vectors calculated

as discussed in Section 2.3.3. As a first stage, we considered infinitely long and straight

dislocation lines. We chose the box dimension in the~s direction so that a specific strain

was present in the cell after the insertion of dislocations. On the other periodic direction

the cell was much more narrow to reduce the computational cost. We tested the appropri-

ateness of the box dimension by increasing three times the cell size in this direction, but

no difference was found in the motion of dislocations. The number of atomic layers in the

vertical direction was 144, which allowed a good description of dislocation dynamics. For

all the results presented, we note that we reproduced them also using the ABOP potential.

In this case, the temperature has been increased to 2000 K.
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3.6.1 Extended defect formation mechanism by MD: single and multiple SFs

This subsection will reveal the critical steps of the formation of dislocation complexes by

showing the results of ad hoc MD simulations. The defects that originate will be later

considered as possible killer defects in 3C-SiC layers.

3C-SiC is a crystal with a zinc-blende lattice. The primary slip system of the zinc-

blende is {111} 〈110〉. Hence the most convenient defects are perfect glissile dislocations

which are aligned along the 〈110〉 direction, and their Burgers vectors are~b = a/2〈011〉.
In tensile strain conditions, perfect glissile dislocations tend to dissociate into two par-

tial dislocations with Burgers vectors~b = a/2〈121〉 (Shockley dislocations). The first step

of the growth is characterized by the so-called carbonization process. It allows the relax-

ation of the high tensile strain via the formation of arrays of sessile Lomer dislocation at

the interface between the 3C-SiC film and the Si substrate. Some stress still remains in

the film and can partially be relaxed by the nucleation of glissile perfect dislocations that

can dissociate into 30° and 90° PDs.[92,133] Under tensile strain conditions, the 90° partials

lead the relaxation process and are driven towards the 3C-SiC/Si interface.[79] The resid-

ual strain can be further released during the subsequent 3C-SiC layer deposition by the

motion of the glissile dislocations already present in the layer or by the nucleation of new

extended defects at the film surface their propagation into the bulk.[81]

In Figure 3.26 we show the results of MD simulations. The red-colored atoms in Figure

3.26 highlight the core of a 90° partial dislocation inserted deep in the simulation cell. We

inserted it there to mimic the resulting 90° PD near the SiC/Si interface that have formed

by the dissociation of a perfect 60° as described above. An inset of the figure shows the

volumetric strain map corresponding to the configuration shown. Note how the initial

tensile strain can be relaxed by the compressive lobe above the 90° PD core. To reproduce

the slight compressive strain present in the layer after the five to four reconstruction of

the 3C-SiC/Si interface of ≈ 0.45%, we set the cell size along the~s direction to be a precise

value. In this way, we have an array of equidistant 90° PDs that introduce a well defined

compression in the film above them.

Eventual 30° PDs that have formed by dissociation of perfect 60° at the interface relax

the stress by moving toward the free surface.[139] Other 30° PDs can nucleate from the free

surface, moving under compressive strain toward the interface. We inserted 30° PDs in
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Figure 3.26: MD simulation snapshots of the proposed triple SFs and relative defect
termination formation mechanism. First row: the 30° partial dislocation (core atoms in
green) is inserted six 111 planes away from the glide plane of a 90° partial glide plane
(core atoms in red). Both dislocations are expelled. Second row: the 30° partial
dislocation is inserted in the adjacent plane to the 90° glide plane. Dislocations move in
opposite directions, join and form a 30° extrinsic partial dislocation. Third row: another
30° partial dislocation (core atoms in fuchsia) is inserted in the plane adjacent to the
double SF. It reaches the 30° extrinsic partial and forms the stable triple defect. In the
insets volumetric strain maps for each snapshot are reported.

the simulation to model also their evolution. We placed them at a distance of 2.5 nm from

the free surface. We chose them to form SFs aligned in the same glide plane of the 90° PD.

Green atoms highlight the core atoms of 30° PDs cores in Figure 3.26. In our simulations,

30° PDs are almost always expelled from the film, as reported in the first row of Figure 3.26,

except for one case. As shown in the second row of Figure 3.26, when the 30° PD is in the

glide plane adjacent to the 90° one, it is not expelled and moves downward. The 90° partial

is pulled in the opposite direction. A 30° ESF forms when the two PDs join, and a double SF

with a unique boundary appears. Such defect has been experimentally observed 3C-SiC

and in other compounds.[140] This behavior is explained by considering the strain fields
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shown in the insets. The color maps of the second row of Figure 3.26 show the opposite-

in-sign deformation fields of the dislocation overlap as the two defects become closer. The

lower formation energy should also enhance the formation of a double SF more than that

of individual SFs. At this, the MD potential is not able to prescribe the correct ranking in

the formation energy: the formation energy for multiple SF is almost identical and with

the inverse trend for single, double and triple SFs using the Vashishta potential¶. In the

third row of Figure 3.26 we start considering the so formed 30° ESF and another 30° PD

(which core atoms are colored in fuchsia). The Burgers vector of the latter defects has a

screw component that is the opposite of the former. The dislocation is labeled as -30° for

this reason in Figure 3.26. The Burgers vector chosen has two important aspects: it re-

leases the compressive strain and can lead to the formation of a zero total Burgers vector

complex which was demonstrated to be the stablest configuration.[79] Also in this case, we

observe the gliding of the 30° PD only when placed in the glide plane adjacent to the other

(double) SF. As we expect, when the new 30° PD glides along the double SF, it moves until

it reaches the other two dislocations forming there a complex of three defects with a zero

total Burgers vector. Independently from which of the two adjacent planes we chose, the

-30° dislocation moves away from the surface. Its motion is only slightly faster when in-

serted on a glide plane adjacent to the SF bounded by the 90° PD. The formation of double

and triple SFs appears to be very similar in evolution. Still, we notice that the latter is very

important because it corresponds to an inclusion of a hexagonal 6H-SiC stripe in the 3C-

SiC, often defined as a microtwin. The defect terminating the triple SF well corresponds to

the experimentally observed Σ3 {112} incoherent boundaries,[97–99] and to the defect that

appears at the grain boundary between the (3C) cubic and the (6H) hexagonal phase of

SiC.[100]

3.6.2 Electronic properties by ab initio calculations

In this Section, we will briefly present the electronic properties, obtained by ab initio cal-

culations, of the partial dislocation complexes. As stated above, this part will be discussed

for completeness, but it regards the work done by other group staff members. Still, we

found them to be non-negligible in supporting the role of our MD simulations on the

¶In preliminary calculations we found: 12.1, 14.2, and 14.2 meV/Å−2 respectively
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identification of the "killer" defect in epitaxial 3C-SiC. Details on this part can be found in

Ref. [81].

Stacking faults

Figure 3.27: Local density of states (LDOS) integrated in slice boxes along the c-axis
of the simulated supercell, which is illustrated on top. The red triangles highlight the
tetrahedra of the faulted planes as compared to the perfect stacking of the 3C-SiC (blue
tetrahedra). The dotted lines highlight the trend of the band edges along the c-axis: a
quantum barrier is very evident in the space region where the triple SF is present. Figure
from Ref. [81].

The determination of electronic aspects that regards SFs cannot be treated via MD

simulations. A superior DFT approach must be used. Many theoretical groups have inves-

tigated the changes in the electronic properties caused by the presence of SFs in 3C-SiC.

In contrast to what is found for hexagonal SiC phases, in 3C-SiC, the scientific community

agrees that SFs do not give rise to electrically active states in the fundamental bandgap of

the material.[137,138,141,142]

In Figure 3.27, we report the local density of states (LDOS) obtained by density func-

tional theory (DFT) calculations.[81] The LDOS changes as a function of the position along

the c-axis ([111] direction) of a simulated 3C-SiC supercell, which includes a triple SF

(highlighted by the red tetrahedra). The bandgap of the 3C-SiC is smaller than those of the

6H phase. Hence the SFs in 3C-SiC do not create quantum wells in the material but quan-

tum barriers. No intra-gap states, which can create the leakage current in 3C-SiC devices,

are present in the plot. It confirms the general consensus about SFs per se not creating

electrically active defects in 3C-SiC. Therefore, one should include SF termination in the

analysis of possible detrimental defects in 3C-SiC.
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Terminating single SFs by partial dislocations

We proceeded in the investigation by considering the possible atomistic configurations

for the partial dislocations terminating the single, double and triple SFs. The goal is to

identify which of them introduce detrimental effects for the electronic properties of the

devices. The analyses were made in the DFT framework as described in Ref. [81]. We dis-

carded configurations where dangling bonds were present because it has been proven that

unreconstructed configurations of PDs are less favorable than the reconstructed ones.[142]

In Figure 3.28 we show the electronic properties of the 90° partial dislocations. The results

are very close to those obtained for the 30° partial dislocations (Figure 3.29). The Si-core

partial dislocations (on the right) show intra-gap states, the C-core ones (on the left side)

do not. Still, these intra-gap states are very close to the valence band edge. In Ref. [81] the

authors proved that the states are generated by the Si-Si bonds of the 90° and 30° partial

dislocation cores. The ones generated by the 90° partial dislocation are higher in energy

and closer to the CB than the Si-core 30° PD states. The longer and thus weaker Si-Si bonds

in the 90° partials can explain that evidence.

Figure 3.28: Defect states at the C-core (on the left) and at the Si-core (on the right) of
the 90° partial dislocation: the Kohn–Sham eigenvalue spectra of the dislocation cores
are plotted, with the blue (red) lines indicating occupied (unoccupied) states and the
two dashed lines indicating the valence band (VB) and the conduction band (CB) edges
in the pristine SiC. The side views of the dislocation cores with the charge densities of
the corresponding gap states are also illustrated, including the top views of the (1̄11)
glide planes (with a, b, c and d, e, f labels) and the charge densities of the gap states. Red
and grey balls indicate Si and C atoms, respectively. The different colors of the charge
densities highlight the different integration energy ranges.

Double SF

In the previous subsection, the terminations of SFs have proven to introduce some po-

tential sources of electrically active states in the 3C-SiC bandgap. Still, those states were

at energies about 1.5 eV far from the CB minimum in energy. It is hard to attribute them

trapping-assisted recombination/tunneling processes that can cause leakage current.[71,143]
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Figure 3.29: Defect states at the C-core (on the left) and at the Si-core (on the right) of
the 30° partial dislocation: the Kohn–Sham eigenvalue spectra of the dislocation cores
are plotted, with the blue (red) lines indicating occupied (unoccupied) states and the
two dashed lines indicating the valence band (VB) and the conduction band (CB) edges
in the pristine SiC. The side views of the dislocation cores with the charge densities of
the corresponding gap states are also illustrated, including the top views of the (1̄11)
glide planes (with a, b, c and d, e, f labels) and the charge densities of the gap states. Red
and grey balls indicate Si and C atoms, respectively.

Figure 3.30: Defect states at the double dislocation complexes: structure A, left side,
composed of a C-core 30° partial on top of a Si-core 90° partial, while structure B, right
side, with a Si-core 30° partial on top of a C-core 90° partial. The Kohn–Sham eigenvalue
spectra of the dislocation cores are plotted, with the blue (red) lines indicating occupied
(unoccupied) states and the two dashed lines indicating VB and CB edges in the pristine
SiC. The side views of the dislocation cores are illustrated and the corresponding top
views of the (1̄11) glide planes are shown in insets a, b, c and d, e, f. Red and gray balls
indicate Si and C atoms, respectively. The different colors of the charge densities
highlight the different integration energy ranges.

We can therefore focus our attention on double and triple SFs. Indeed, they are known to

be more stable than the single ones,[36] and from the simulation in the first subsection, we

know that they can easily be formed during growing procedures (see Figure 3.26). The MD

simulation also provided important information about the character and position of the

PDs that should be considered as the bounding defects of double SFs. Figure 3.30 shows

the two stable structures terminating the double SF (or ESF). The two sides of the figure

provide the two possible terminations. On the left side, we have a C-core 30° (see inset (a))

on top of a Si-core 90° (see inset (b)). On the right side, we have a Si-core 30° PD (see inset

(d)) above a C-core 90° PD (see inset (e)). Few states appear in the band structure corre-

sponding to the configuration on the left, but their position is similar to the Si-core 90°

PD case. The charge density plot of Figure 3.30 illustrates that the cause of these states is
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also in this case, the Si-Si bond of the 90° partial dislocation. In agreement with the results

found for the single SF, nothing is found due to the 30°PD C–C bond.

A completely different situation is found for the configuration on the right. The Si-core

30° PD induces evident deep defect states much higher in energy than in single SF case.

The charge density plot of Figure 3.30 for the configuration on the right shows that the

Si-core 30° PD introduces into the 3C-SiC bandgap a dispersive band with energy from 0.7

eV to 1.1 eV above the VB edge. The charge density plot also evidences that the C-core

90° partial dislocation does not contribute directly to these states. Still, the C atoms of the

dislocation core are bonded to the Si atoms of the Si-core 30° partial dislocation. It can

have a role in the rise of the energy of the intra-gap states by making the Si-Si bond even

weaker than in the case of a single PD.

Triple SF

Figure 3.31: Defect states at the triple dislocation complex: configuration A on the
left and configuration B on the right. The Kohn–Sham eigenvalue spectra of the
dislocation cores are plotted, with the blue (red) lines indicating occupied (unoccupied)
states and the two dashed lines indicating VB and CB edges in the pristine SiC. The side
views of the dislocation cores with the charge densities of the corresponding gap states
are also illustrated, including the top views of the (1̄11) glide planes (as in the side view
with a, b, c and d, e, f labels) and the charge densities of the gap states. Red and gray
balls indicate Si and C atoms, respectively. The different colors of the charge densities
highlight the different integration energy ranges.

The most probable shape for a triple SF is formed by three successive planes of SFs,

each bounded by a PD with a different Burgers vector. From the analysis performed via

MD in the first subsection, we expect to have a 90° PD in the middle and two 30° PDs with

an opposite screw component above and below it. Figure 3.31 show the reconstructed

structure of the triple bounding defect. Note the terminations, which are opposite for the

30° PDs and the 90° PD. The configuration on the left is very similar to that of the double

SF. The band structure is similar: defective states are outside the gap (C-core) or close to

the valence band-edge (Si-core). Still, the triple SF termination on the left has another
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single 30° C-core PD (see inset (c) of Figure 3.31). This latter PD shows a reconstruction

that is slightly different from the ones mentioned above. Its defect states are in the same

energy range.

Figure 3.32: Band structure along the 〈110〉 direction for the supercell containing the
terminations of the triple SF. The deep defect states in the LDOS are clearly due to a
single dispersive band.

Dramatic defects states appear in the configuration shown in the right of Figure 3.31.

The (top) 30° Si-core PD generates a dispersive band in the SiC bandgap with energy from

about 1.0 eV to about 1.5 eV above the VB edge (see inset (d)), similar to the double SF

case. The defect energy band is almost identical to that of the ESF but shifted upward by

about 0.4 eV. The further weakening of the Si-Si bond due to the presence of a third PD can

explain this shift. Indeed, the structure analysis performed with OVITO shows an increase

in the length of the Si-Si bond from 2.33 Å to 2.39 Å.

Since the Si atoms of the top PD are bonded to the C-core atoms of the 90° PD, while

the bottom 30° are almost connected as in the case of the single 30° partial, the bottom 30°

PD shows states that are closer to the VB (see inset (f)). The observed Si-Si bond length is

indeed slightly shorter (2.36 Å, compared to 2.37 Å of the single one). The band structure

along the 〈110〉 direction for the triple SF supercell of Figure 3.31 is plotted in Figure 3.32.

The five energy levels appearing on the right side of Figure 3.31 which resembled different

states are in truth a single dispersive branch. The discrete energy levels in Figure 3.30 and

3.31 are an artifact of the limited K-points employed for the calculation of the LDOS.[81]

We conclude by saying that the double and triple SFs illustrated in Figure 3.30 and 3.31

are the most plausible candidates as killer defects in 3C-SiC. The presence of multiple PDs

leads to a distortion and weakening of the Si-Si bond of the 90° PD core. It pushes the
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energy of this state inside the 3C-SiC bandgap. These defect states are dispersive in the k-

space because of the periodicity of the defect along the dislocation line. The state is a 0.5

eV wide defect band placed almost in the middle of the bandgap. Note that Σ3 {112} inco-

herent boundaries are structurally identical to the triple dislocation complex. It is possible

that also such defects introduce similar detrimental states.[97–99,144] From experimental

observations,[96] a coexistence of double and triple SFs in 3C-SiC (with a higher popula-

tion of the latter) is expected. Hence their bounding defect can be reasonably charged

with the appearance of leakage currents in 3C-SiC devices.

3.7 Conclusions

In this Chapter, we considered the Silicon Carbide prototypical cases of semiconductor

epitaxy on Si presented in this manuscript. We studied extended defects in SiC epitaxial

film, grown on silicon substrates in the framework of classical molecular dynamics. The

epitaxy of such an important material for the realization of new power devices and au-

tomotive represents one of the ideal test cases for extended defect modeling via classical

molecular dynamics simulations. The chosen approach, i.e., Classical molecular dynam-

ics simulation, resulted in being appropriate. Indeed, we found the results of such simu-

lation to be reflected by experimental observations. In this Chapter, we focused on some

open questions about extended defects in epitaxial SiC on Si (001) and we provided an

answer to them. The obtained results gave us essential information that can practically

be used to reduce the appearance of those defects in the epitaxial systems. Most of the

work presented in this Thesis is represented by the study on extended defects and, in par-

ticular stacking faults, in the cubic silicon carbide. We started our analysis by considering

the molecular dynamics potential functions that can be used to model stacking fault evo-

lution in 3C-SiC. We provided the technical details about the reliability of the different

potentials on the description of defects: The Vashishta potential is, overall, the most rea-

sonable choice as a potential function to model SF evolution in 3C-SiC. Nevertheless, it

has some disadvantages over the Analytical Bond Order Potential (ABOP) in describing

the fine core structure of dislocation cores and surfaces. The other potential considered,

the Tersoff potential, instead, was found not to be a good candidate potential function

for the description of SF evolution in 3C-SiC. Then we addressed the lack of theoretical
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understanding of the mechanisms regarding stacking fault aggregation into multiplane

stacking faults characterized of being composed specially by two or three defected planes.

We performed MD simulations at constant temperature and energy minimization simu-

lations that allowed us to understand that only specific configurations of stacking faults

are possible. A crucial point in the composition of these structures was found: stable con-

figurations are determined by the partial dislocations that bound each stacking fault with

the perfect crystal. Some prescriptions exist on the choice of a candidate partial disloca-

tions that generated the stacking fault. Their Burgers vector should be different for each

one of the stacking fault planes. An important implication arises from that: the very abun-

dant multiplane stacking faults are generated by defects that may have formed under very

different strain conditions. The latter point determined how we proceeded in the inves-

tigation of stacking fault evolution thereon in this Chapter: we reconsidered the growth

conditions experienced by the 3C-SiC film. It resulted to be clear that a change in the

strain sign is achieved after the first stages of the growth, after the so-called carbonization

process. The former high tensile strain becomes a slight compressive strain thanks to the

formation of an array of Lomer dislocation at the SiC/Si interface. We, therefore, draw a

novel picture of stacking fault evolution and formation: stacking faults are formed in the

initial phase, which is tensile. The partial dislocations present are well known because

of the strain sign they have to be 90° partial dislocations leading stacking fault extension

from the surface to the interface, or either 30° partial ones leading stacking fault expan-

sion from the interface toward the free surface. We hence analyzed the open problem

regarding the unexplained experimental observation that leads to stacking fault annihila-

tion while they migrate from the interface toward the free surface. In doing so, we iden-

tified the dislocations leading the stacking fault expansion in being 30° partial ones. And

then, we identified the annihilation mechanism in being the formation of a Lomer-Cottrell

lock at the junction of two crossing stacking faults. The considered change in the strain

resulted to be key also in the enhancement in the probability of having double or even

more frequently triple stacking faults with a common boundary of partial dislocations. By

considering that once again, we were able to explain another open problem in 3C-SiC epi-

taxy on Si (001): the observed and not completely understood shape of stacking faults. We
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found that the ∆ and V shape of stacking faults are determined by the evolution of individ-

ual stacking faults in the initial tensile strain. They successively transform into multiple

stacking faults when a compressive strain arises in the film. As a last result, we presented

another important step forward in the comprehension of extended defects and their role

in 3C-SiC epitaxy, filling the gap of another crucial open problem for 3C-SiC exploitation:

the identification of a defect that can be charged with being the source of leakage currents

in 3CSiC-based devices. It resulted (from a synergic approach of molecular dynamics and

density functional theory calculations) that the complex of bounding partial dislocations

of a triple or double SF can be charged with being the source of leakage currents in 3C-SiC

devices.
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Chapter 4

Results: Formation of ordered arrays

of dislocations in Ge on Si (001)

This Chapter will focus on epitaxially strained Ge on Si (001). Ge on Si is the ideal pro-

totypical case to study dislocation motion because of many aspects. First, a well-known

experimental background exists about dislocation in Ge and its alloys with Si grown on

Si (001) substrates. Second, the epitaxial strain in the system is compressive and is ≈ 4%,

whereas, in the case of SiC, it was tensile and much higher (≈ 4%). The system actually

relaxes in a very different way, generating dislocation loops at the free surface instead of,

for example, generating an interface reconstruction as in the case of 3C-SiC during the

carbonization. At the same time, the strain is sufficiently high to make it possible to in-

vestigate dislocation loops evolution in their full extension (threading arms plus misfit

segments), as we will show later. Another essential aspect that makes Ge on Si an ideal

system to study dislocations is that the epitaxial stress makes the PK force act so that both

the glide and the climb motion are enforced. In this Chapter, we will discuss two main sec-

tions. In the first section, we will focus on the glide motion of an entire dislocation loop in

an epitaxially strained Ge film. In the second section, we will concentrate on giving an an-

swer to an open question that lasted for fifteen years related to the appearance of ordered

arrays of misfit dislocations under specific growth conditions. The first section will show

how MD Simulations allow studying strain release in epitaxial Ge via misfit dislocation

loops expansion. In the second one, we will study straight dislocation lines. In this way,

PBCs will be used to reduce the spatial scales necessary for a simulation, thus enabling

the study of dislocation line evolution on time scales that range from few hundreds of ps

to many several tenths of ns.
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4.1 Misfit dislocation loop

One of the most successful theories of dislocation formation in epitaxial germanium films

on Si substrates is the nucleation of dislocation loop at the free surface.[145–148] The most

believed mechanism prescribes the nucleation at the free surface of a dislocation loop (or,

more precisely, a half-loop). The simulation of the nucleation of such defects cannot be

modeled in classical MD because the corresponding energy barrier is too high to be over-

come in a reasonable time. Indeed, using the Nudged Elastic Band approach, Trushin et

al. showed that the nucleation of dislocation loops in Ge films on silicon, using semiem-

pirical potentials, has an energy barrier of (≈ 40eV ), which is strongly influenced by the

presence of defects such as other dislocations or steps on the surface.[26,149] Even con-

sidering other defects and step on the surface, the energy barrier was too high to ever

overcome at any temperature in a classic MD simulation. Therefore, we will skip the nu-

cleation and model the evolution after that, considering dislocation loops with a radius

that makes them super-critical. The Burgers vector of such dislocation loops belongs to

the family~b = 〈110〉, and their glide plane is a {111} plane. Possible combinations of glide

planes and Burgers vector are composed of four planes on which four Burgers vectors are

suitable. Mathematically speaking, each glide plane is the plane that is spanned by one of

the eight possible Burgers vectors and either the [110] or the [11̄0] direction, being the lat-

ter one of the two possible misfit segment line direction. Only half of the possible Burgers

vectors are effectively able to relax the compressive strain. The other half relaxes the ten-

sile strain. Under the action of the PK force, the dislocation loop gradually extends and,

in doing so, it releases the compressive strain in the film. The loop section closer to the

Si/Ge interface will move toward it mainly by sliding along its glide plane. The movement

of this half-loop section increases the area of the crystal, which is relaxed by the defect. It

eventually will reach the interface where it will form a straight segment, aligned alongside

either the [110] or the [11̄0] direction. For this reason, that section of the half-loop is usu-

ally called the "misfit segment." The remaining two segments of the half-loop will tend

to align in a favorable line direction. Because of symmetry in the diamond/zinc-blende

structure, they are the 〈110〉 lines. Energetically speaking, the most convenient line direc-

tion is the one aligned with the Burgers vector. Such sections of the half-loop will present

a screw character because of that. They will move in opposite directions in the glide plane
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of the loop under the action of the PK force. It’s important to note that they play an indirect

role in the strain release. Indeed, a screw dislocation does not have any (edge) component

able to relax the compressive strain, but by moving in their glide plane, they will increase

the length of the loop’s misfit segment at the interface. It actually plays an active role in

the strain release. Notably, either the [110] or the [11̄0] direction can form the glide plane

of a screw segment together with the dislocation Burgers vector. It enables screw disloca-

tion to change their glide plane. The ability to change their glide plane, it’s known as the

possibility of having a cross-slip of the dislocation line. For the purposes of strain release,

the ability of the threading arm to cross-slip does not influence too much either the global

strain release.[150]*

In Figure 4.1 we reported the snapshots of molecular dynamics simulation of a dislo-

cation loop evolving in an epitaxially strained germanium film at 600K .

Using the procedure introduced in the Section 2.3.3 we prepared simulation cells as

follows:

• A silicon substrate: it is represented by 18 ML of atoms placed as prescribed by the

ideal perfect crystal lattice.

• The epitaxial Ge film: it is represented by 64 ML of atoms placed coherently with the

silicon substrate lattice parameter.

1920 atoms make up each ML, and this number corresponds to the replication of 24 unit

cells along the x direction and 20 unit cells along the y direction.

Simulation cells have their axis oriented along the crystallographic directions as de-

scribed on page 62 (x = [11̄0], y = [110] and z = [001]) and periodic boundary conditions

are applied along x and y . The loop has been inserted in a Ge film where a straight dislo-

cation line at the interface is present. It is perpendicular to the misfit segment direction

of the loop (see Figure 4.1 (a)). The Burgers vector of the inserted loop is ~b = [011], and

its misfit segment is aligned with the [110] direction. The epi-layer is dislocated by the

presence of a straight dislocation line in the~ξ= [11̄0], and the two defects have the same

Burgers vector.

*Cross slip enables the possibility of two threading arms to annihilate even if their loop glide plane are not
intersecting but on a minimal spatial scale.
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The presence of the dislocation line is needed to prevent the cross-slip of the thread-

ing arms of the loop. With the perpendicular dislocation line present, the loop opens,

expanding in its glide plane. Initially, the section of the loop close to the free surface is

expelled, transforming the dislocation loop into a half-loop (see Figure 4.1 (b)). After that,

the lower section of the half-loop reaches the dislocation line at the interface, forming a

characteristic intersection which is visible in Figure 4.1 (c). The loop will further extend,

and it will reach the periodic boundaries where its left threading arm will encounter the

right one as shown in Figure 4.1 (d). If we take the same line direction, the two threading

arms have an opposite Burgers vector, and therefore they annihilate. An infinite disloca-

tion line is now formed (Figure 4.1 (e)), and it gradually migrates to the silicon interface.

In the end, a perfect crossing of two perpendicular dislocation lines appears, as shown in

panel (f).
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(a) Initial configuration. (b) Snapshot after 100 ps.

(c) Snapshot after 200 ps. (d) Snapshot after 400 ps.

(e) Snapshot after 500 ps. (f) Snapshot after 600 ps.

Figure 4.1: Several snapshots of the simulation via MD of a dislocation loop, inserted
in a virtual epitaxial Ge film strained on a silicon substrate at 600K . Ocra sticks
represent Si atoms and bonds, green ones Ge atoms and bonds. Atoms of the film that
are in the ideal diamond structure are hidden to show the dislocation segments which
are depicted by a colored line. Line colors indicate the character of each dislocation
segment, i.e. red means screw, blue means edge.



Chapter 4. Results: Formation of ordered arrays of dislocations in Ge on Si (001) 143

4.2 Misfit segment glide and climb

In the previous section, we verified that classic MD simulations are a valid tool to study

dislocation evolution in epitaxial Ge films grown on Si (001) substrates. In this section,

we will use them to comprehend experimental evidence about a still unclear mechanism.

Indeed, it is an open question why, during growths characterized by low temperatures

(low-T) or high deposition rates followed by high-temperature (high-T) annealing, mis-

fit dislocations are prevalently 90° ones in ordered arrays, whereas isolated 60° are less

abundant. Let’s recall one of the most promising growth techniques for pure Ge films. It

is the depositing of a low-T Ge layer (which is usually called seed layer), often followed

by the deposition of a high-temperature Ge layer (which is generally called cap layer) fol-

lowed by subsequent annealing. The result is a high-quality, relaxed, epitaxial Ge film on a

Si(001) substrate grown using an ultra-high vacuum chemical vapor deposition system. As

described in the preceding section, in Ge/Si(001) epitaxial heterostructures, plastic relax-

ation occurs mainly through the nucleation at the surface of dislocation (semi-)loops,[151]

with Burgers vectors~b = a/2〈011〉 - a being the epilayer lattice parameter - gliding in {111}

planes. As the loop radius increases, the dislocation progressively releases the epi-layer

lattice compression, eventually creating a 60° misfit dislocation segment at the hetero-

interface. Edge misfit dislocations (often called Lomer dislocations) are characterized by

Burgers vectors~b =±a/2[11̄0] or~b =±a/2[110] lying in the interface plane. Two different

questions are still under discussion: (i) How are 90° dislocations formed? (ii) How is lateral

ordering of dislocation at the interface reached?

A partial answer to the first question was supplied as different possible mechanisms

leading to the formation of edge dislocations at the interface were proposed.[27] Exper-

iments and theoretical calculations[25,26,152] have highlighted the importance of one of

them, i.e., preferential nucleation of a "complementary"[28] 60° dislocation: the stress field

induced in the proximity of the free surface by the presence of a 60° dislocation at the

Ge/Si interface lowers the barrier for nucleation of a second (the "complementary one")

60° dislocation with Burgers vector such that the superimposition of the two generates a

90° dislocation. For this reaction to occur through simple dislocation gliding, however,

the original dislocation must lay on the glide plane of the complementary one. While this

can happen in some cases, the most probable configuration leads to close pairs of 60°
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dislocations, clearly observed in low-T experiments.[25] How such pairs evolve into a 90°

dislocation upon annealing is not yet clarified. Similarly, no clear answer to question (ii)

- regarding annealing-induced ordering - is present in the literature. The possible role of

vacancies in influencing gliding/climbing and lateral ordering was invoked[13] but only

at the speculative level. As reaching defect uniformity is an important requirement for

applications, we find it of utmost importance to provide a solid atomic-scale explanation.

In this section, we shall clarify both the mechanism of 90° dislocation formation from

pairs of complementary 60° dislocations and of lateral ordering at the Ge/Si interface by

suitable molecular dynamics (MD) simulations, highlighting the key role played by vacan-

cies in influencing defects motion and the importance of the growth/post-growth condi-

tions.

4.2.1 Methods

All simulation results presented in this Section were obtained in the framework of clas-

sical molecular dynamics using LAMMPS.[38] The Tersoff potential[46,47,55] was used to

describe interatomic interactions. While obviously not exact, such approach has been

widely exploited to model defects in Ge/Si systems,[25,153–155] yielding results compatible

with experimental evidences. Simulations presented in the present article were run in the

canonical ensemble, using a Nose–Hoover thermostat[105] and setting the time step to 1fs.

The latter was calibrated in a set of dedicated microcanonical simulations where relative

fluctuations in total energy lower than 1−5 were observed even at the highest (T = 1400K )

sampled temperature.

Orthogonal simulation cells, oriented along the directions determined by the vectors

x = [1̄10], y = [110] , z = [001] were used, and periodic boundary conditions (PBCs) were

applied in the x and y directions. To model a strained epitaxial layer we created a simula-

tion cell composed of 32 monolayers of Ge atoms on top of other 32 mono-layers of silicon

atoms along the z = [001] direction. The lattice parameter was set as the one of pure sili-

con. In this way germanium atoms were strained in the x, y directions εxx = εyy ≈ 4%. To

simulate the effect of a thick bulk substrate below the Ge layer, the bottom three layers of

silicon atoms in the simulation cell were kept fixed to bulk positions. The top Ge surface

was reconstructed 2×1 upon forming dimers accordingly. We performed simulations of
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dislocation arrays by using three different cell dimensions (9.987/14.980/19.973×1.536×
8.530 nm3) depending on the explored strain conditions. The cell size along x corresponds

respectively to a complete relaxation (Lx =9.987 nm), 75% relaxation (Lx =14.980 nm), and

half the relaxation (Lx =19.973 nm), when a 90° edge dislocation is placed at the interface.

At this, we assume that the film is actually completely relaxed by such a dislocation array.

Specific experimental conditions during a real Ge film growth may not correspond to a

complete relaxation of a film with the effective thickness we use in our simulations, as for

example theoretically predicted in Ref. [156]. Nevertheless, for the mechanisms we will

investigate in this Section we assume that such thermodynamic aspects can be neglected.

Furthermore, the main result of this Section are minimally related to the lateral size of the

simulation cell being, instead, related to the presence of vacancies. Atomic trajectories

were analyzed using OVITO.[40]

Dislocation modeling

For the sake of simplicity, dislocations were introduced in the system as straight segments

running along the y direction. Starting from a more realistic (half)loop configuration

would have required a larger cell in the y direction, making it impossible to reach the re-

markable time scales simulated when describing climb (see the next subsection). Instead,

we could set the cell length along y as rather small (1.536nm). Shortening the dislocation

line further would be critical as it would preclude the formation of kinks and jogs, allowing

for the natural motion of dislocations. On the other hand we verified that, despite being

minimal, the simulation cell was indeed large enough along y : we repeated a subset of

the simulations using a three time larger cell along y without observing any significant

dependence of the results on the dimensions.

Dislocation lines were inserted in the simulation cell by shifting each atom by the dis-

placement field vectors calculated by dislocation modeling in the framework of the linear

elasticity theory,[2] as described in Section 2.3.3. The obtained configurations were geo-

metrically optimized using a conjugated gradient minimization algorithm.
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Simulation of vacancy-induced dislocation motion

Dislocation climbing requires vacancies to migrate to the dislocation core along the whole

dislocation line.[2] Brute-force runs where both typical experimental temperatures and

physically-sound vacancy concentrations are considered do not show any sigificant evolu-

tion due to the timescale limitations imposed by MD. Even if one disregards experimental

conditions, observing climbing along the full dislocation line with MD is not trivial. One

can attempt speeding-up the motion by increasing the simulation temperature, therefore

raising the diffusion coefficient of the vacancies. However, there exists a limit beyond

which excessive disorder is introduced in the system (we used up to T=1400K, well below

the Tersoff-potential Ge melting temperature of around 2400K[157]). Instead of manipu-

lating the diffusion coefficient one can attempt reducing the path which a vacancy must

travel to reach the dislocation core. A possible way to achieve this is to consider very high

vacancy densities. If vacancies are placed too close one to each other, however, the for-

mation of slowly-diffusing vacancy complexes precludes observation of migration to the

dislocation core. After attempting several strategies along the lines traced here-above, we

came up with a procedure which we find as particularly appealing since the system is left

sufficiently free to evolve and climbing of the entire dislocation line can be observed. The

procedure is the following one: we start by introducing a dislocation (an extension to two

dislocations is also exploited in Section 4.2.4) in the simulation cell. We then remove one

atom of the crystal randomly. We start the MD simulation and we track the vacancy mo-

tion on the fly by performing a Wigner Seitz Defect Analysis using the OVITO software. If

the vacancy ends up at the dislocation core or at the top free surface we then randomly in-

sert a second vacancy and start tracking its motion, otherwise we keep on simulating the

system dynamics. The procedure is iterated until the desired number of vacancies are in-

serted. As demonstrated in the Results section, the procedure works and allows to observe

vacancy-induced motion of a full dislocation line.

In principle we could have randomly created vacancies within the full simulation cell.

In order to decrease the time needed for the vacancy to reach the dislocation core, how-

ever, we defined a smaller "vacancy-spawn" region -where the point defect was created-

composed of the atoms distant less than 3nm from the dislocation core. In addition, such

region was restricted to be at a distance from the upper free surface larger than the one of
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the dislocation core as vacancies created between the dislocation core and the free surface

where observed to irreversibly annihilate at the latter.

4.2.2 Gliding of pairs of 60° misfit dislocation

As already stressed above, induced nucleation of a second, complementary 60° dislocation

by a first 60° dislocation at the Ge/Si interface has been recognized as the primary cause

for the creation of 90° dislocation and of 60° dislocation pairs.[25,158] As no atomic-scale

description of further evolution under annealing is present in the literature, we shall start

our analysis precisely from these pairs. Following Ref. [25], the typical initial condition

leading to their formation is given by having one 60° dislocation – called "A" in Figure 4.2

– at the Ge/Si interface and a second one – "B" in Figure 4.2 – nucleated close to the free

surface. If the position of the core of dislocation "A" belongs to the glide plane of disloca-

tion "B" (this glide plane is often called mirror-like (ML) glide plane and is indicated by a

red dashed line in Figure 4.2) then simple gliding of "B" towards "A" can lead to the forma-

tion of a 90° dislocation. For this case, annealing is not needed to promote the existence

of such a defect. A close pair of 60° dislocations is formed when, instead, dislocation "B"

glide plane intersects dislocation "A" glide plane not at the interface. Three representative

initial configurations are displayed in Figure 4.2, together with the evolution predicted by

molecular dynamics simulations at 1000 K. Dislocation "A", with Burgers vector~b = [011]

is placed at the interface (the dislocation core is highlighted in green), dislocation "B",

with Burgers vector~b = [1̄01̄], is placed 1.5nm below the free surface (the dislocation core

is highlighted in red). The glide planes of the two dislocations are misaligned; therefore,

they cannot form a 90° dislocation at the interface. The distance dML, between the glide

plane of the second dislocation (at the interface) and the mirror-like glide plane, is used

as a parameter. Three cell sizes along the x direction were used to simulate different re-

laxation of the Ge film: ≈10 nm - corresponding to full relaxation of the ∼ 4% Ge/Si lattice

mismatch in the presence of a 90° edge dislocation at the interface per cell, ≈15 nm - i.e.,

75% relaxation with a 90° edge dislocation at the interface, ≈20 nm - i.e., half relaxation

with a 90° edge dislocation at the interface.

A wide range of relative arrangements of two complementary dislocations are possible

and was observed in low-T experiments. Still, the results of their evolution can be grouped
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Figure 4.2: Evolution of complementary dislocations pairs. Each row corresponds to
a different simulation performed using different cell sizes to simulate different degrees
of relaxation. Light blue spheres represent Ge atoms, pink spheres Si atoms, green
spheres highlight the core of the dislocation "A," which start at the interface (Burgers
vector~b = [011]), red spheres highlight the core of the complementary dislocation "B"
1.5nm below the free surface (Burgers vector~b = [1̄01̄]). The glide planes of the
dislocations are shown in the first row by colored solid lines; the mirror-like glide plane
is shown as a dashed line. (a)-(d): Complementary 60° dislocations joining above the
interface forming the pure edge 90° dislocation "C"; the glide plane of the second
dislocation is 1.5nm away from the mirror-like glide plane, and the dimension of the
simulated cell is 10nm in the direction perpendicular to dislocation lines. (e)-(h):
Complementary 60° dislocation blocked above the interface; the glide plane of the
second dislocation is 3.5nm away from the mirror-like glide plane, and the dimension of
the simulated cell is 15nm in the direction perpendicular to dislocation lines. (i)-(l):
Complementary 60° dislocations both at the interface; the glide plane of the second
dislocation is 3.5nm away from the mirror-like glide plane, and the dimension of the
simulated cell is 20nm in the direction perpendicular to dislocation lines.

in a few categories only: an edge dislocation at the Si/Ge interface (see Brunetto et al.[25]),

an edge dislocation few nanometers above the Si/Ge interface, a 60° dislocation "floating"

few nm above the Si/Ge interface in the vicinity of its complementary counterpart, and

two complementary 60° dislocations both at the interface. MD simulations were able to

fully capture all these behavior, as seen in Figure 4.2. Indeed, different initial position of

the complementary dislocation placed at the surface and different stress in the cell (i.e.,

different cell size) lead to the configurations experimentally observed. The evolution re-

ported in panels Figure 4.2 (a)-(d) ends with a 90° dislocation above the interface, the ones

in Figure 4.2 (e)-(h) with the stopping of the complementary dislocation within the layer,

and that in Figure 4.2 (i)-(l) with both the dislocation at the interface.
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Figure 4.3: Map of the Peach and Koehler force acting on dislocation "B" with Burgers
vector~b = [1̄01̄] as a function of its position in a Ge film. The complementary
dislocation "A" with Burgers vector~b = [011] is fixed at the interface in x = 0. The force
vectors are colored in blue-red scale to represent the projection of the Peach and
Koehler force along the glide plane. Black lines are inserted to show some possible glide
planes of dislocation "B": double line - mirror-like glide plane, solid line - glide plane at
dML = 1.5nm, dashed line - glide plane at dML = 3.5nm. For each glide plane, a star
indicates the position where the dislocation will stop following the force gradient. Panel
(a) cell size 10nm, panel (b) cell size 20 nm.

To explain the results of the here-above reported molecular dynamics simulations, we

find it helpful to report, in Figure 4.3, the force field experienced by dislocation "B" placed

in different positions while keeping dislocation "A" at the Ge/Si interface. Such force field

can be conveniently computed based on elasticity theory,[159] including periodic bound-

ary conditions and the effect of the top free surface. Figure 4.3 allows for an immediate in-

terpretation of the various configurations obtained at the end of the molecular dynamics

simulations of Figure 4.2. Note that, differently from molecular dynamics, the analytical

calculation assumes[159] an isotropic medium. However, it is evident from the comparison

between Figure 4.3 and the final configurations of Figure 4.2 that the qualitative behavior

found by MD and predicted by the analytical model corresponds.

The force field displayed in Figure 4.3 (a) is computed for an array of dislocations with

periodicity of 10nm (ideal periodicity of 90° dislocations to relax pure Ge on Si). The one

shown in Figure 4.3 (b), instead, corresponds to a 20nm periodicity. The force vectors are

colored in red/blue to show the intensity and the orientation of the glide component of the

force in a specific position. A saturated red means a strong glide force towards the Si/Ge

interface, saturated blue means a strong glide force towards the free surface, pale/white
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hues indicate a small/zero force. In Figure 4.3 a star indicates where dislocation "B" will

stop its glide for some selected glide planes. The formation of an edge dislocation at the

Si/Ge interface is achieved when dislocation "B" nucleates and glide along a plane which

is exactly the mirror-like glide plane (double solid line in Figure 4.3). In this case, the force

acting on the dislocation is almost aligned to the glide plane resulting in an easy glide. An

edge dislocation above the Si/Ge interface can be formed when dislocation "B" nucleates

slightly apart from the mirror-like glide plane. Consider for reference the single solid line

in Figure 4.3, in this case of dislocation "B" can move on a glide plane which is 1.5nm away

from the mirror-like glide plane. The projection of the force acting on dislocation "B" on

its glide plane (i.e., the glide component of the force) changes in sign a few nanometers

above the Si/Ge interface (see red/blue color-changing). Therefore the dislocation, in this

case, will glide towards the Si but will stop in the vicinity of its complementary dislocation

(a star indicates the position where the dislocation will stop in Figure 4.3). It clearly cor-

responds to what happen in the molecular dynamics simulation of Figure 4.2 (a)-(d). At

that height dislocation "B" can attract dislocation "A", making it gliding upward to merge

and form a 90° dislocation at their junction (Figure 4.2 (d)).

A qualitatively different result is obtained by placing dislocation "B" further away from

the mirror-like glide plane. Indeed, when the distance between the glide plane of "B"

and the mirror-like glide plane (dML) is 3.5 nm (dashed black line in the Figure 4.3 (a))

we can notice that at a certain height the force acting on the dislocation is directed for

the most outside its glide plane. This can result in an evolution which is that reproduced

via molecular dynamics and shown in Figure 4.2 (e)-(h): dislocation "B" migrate from the

free surface towards the Si/Ge interface, but in the middle of the film it transforms from

a shuffle-set 60° to a glide-set 60° under the action of a strong climb component of the

Peach and Koehler force. It freezes there, and dislocation "B" remains floating in the Ge

film, too far away from dislocation "A" to make it glide towards it.

This behavior can be expected to change in the case of a much higher strain. Indeed

using a periodicity of 20nm instead of 10nm (or 15nm), as shown in Figure 4.3 (b), the glide

component of the Peach and Koehler force is much higher, and dislocation "B" is pushed

towards the Si/Ge interface with almost the same force intensity throughout all the Ge

film. In this latter case dislocation "B" will reach the interface, exactly as reproduced via
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the molecular dynamics simulations illustrated in Figure 4.2 (i)-(l)

In many low-T growth experiments, proofs of the presence of these particular arrange-

ments of complementary dislocations are commonly observed,[25] but when the succes-

sive annealing at high temperature is performed, most of the defects are found at the in-

terface, they are ordered, and most of them are 90° edge dislocations.[13] The pure glide

motion of 60° misfit dislocations cannot explain either the formation of 90° misfit dislo-

cation to a large extent or the ordering of the 90° dislocation arrays. Climbing processes

are often evoked to explain that experimental evidence, but no atomic-scale description

based on simulations was given. Here we present our analysis filling the gap.

4.2.3 Climbing of 90° misfit dislocation

We analyzed the role of the climbing mechanism in the formation and ordering of 90° edge

dislocations starting from the configuration found as the final state reached by glide mo-

tion. In particular, we considered the configuration of dislocations in Figure 4.2 (d) - i.e.

a 90° Lomer dislocation formed above the Si/Ge interface. Climbing of an edge disloca-

tion is the simplest case of dislocation climbing motion and is often used in the literature

as a prototypical example.[2] We have already described in Section 4.2.1 how we triggered

climbing by inserting vacancies one at the time, removing atoms of the crystal randomly

within a "vacancy spawn region," before simulating the system evolution at T=1400 K and

checking whether the conditions to insert a new vacancy are met. Here we shall illustrate

the procedure further by analyzing the actual simulation where climbing of the 90° edge

dislocation is tackled (Figure 4.4). As shown in Figure 4.4 (e), the first vacancy, which is

represented by the large blue sphere, is observed to diffuse through the Ge film (blue tra-

jectory in the same Figure) while the edge dislocation stays immobile. After few hundreds

ps, the vacancy reaches the dislocation core. At this point another vacancy is inserted (red

sphere in Figure 4.4 (e)) and the system is evolved until also the second vacancy reaches

the dislocation core (see Figure 4.4 (f), this time its trajectory is highlighted in red). The

simulation is iterated, and a new vacancy is created in the "vacancy spawn" region every

time there are no vacancies in that region, i.e., the vacancy has reached the dislocation

core or is lost towards the free surface. The third vacancy (green sphere) reaches in turn

the dislocation core (Figure 4.4 (g)), and thereafter, in few hundreds of ps, is followed by
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the fourth vacancy (yellow sphere, Figure 4.4 (h)). With four vacancies, there is a section

of the dislocation line that is one layer below its original position, i.e., a jog has formed. A

fifth vacancy is inserted and it migrate to the dislocation core (tile sphere, Figure 4.4 (i)).

The successive vacancy is the sixth one, and it also reaches the dislocation core that now

is almost completely one glide plane below its starting position (purple sphere, Figure 4.4

(j)). The seventh vacancy (gray sphere, Figure 4.4 (k)) does the same, and finally the last

vacancy migrates to the dislocation core, achieving the complete climb of the dislocation

(orange sphere, Figure 4.4 (l)). The starting and final configuration are shown them Figure

4.4 (a) and (c), respectively. A black arrow show the displacement of the dislocation core

from its starting position. The top views of the dislocation core with and without vacan-

cies are shown in Figure 4.4 (d) and Figure 4.4 (b), respectively. Notice that, occasionally,

we observed the newly inserted vacancy migrate to the free surface. In such cases, not

reported in Figure 4.4, we re-insert a new point defect randomly in the vacancy spawn

region

The analysis of vacancy trajectories clearly shows that the motion of a single vacancy is

random-like at the beginning, while in the proximity of the dislocation core, the attraction

between the point and the linear defect leads to the irreversible capture of the former at

the core of the latter. It is also evident that vacancies are attracted by the compressive

deformation below the dislocation core. A relevant trend, which can be easily observed by

considering trajectory lines, is that once vacancies are close to the dislocation core, they

start to move towards the dislocation preferentially along {111} planes. Such behavior can

be ascribed to the attraction of the vacancies by the compressive region below the Lomer

dislocation, which is characterized by having two compressive lobes aligned along {111}

planes.

4.2.4 Climbing motion involving pairs of 60° misfit dislocation

After having demonstrated that the introduction of one vacancy at a time in the simulation

cell allows one to conveniently simulate climbing of an edge dislocation, we extended the

same procedure for investigating vacancy-induced motion of 60° pairs. In particular, we

started by investigating the evolution of a 60° dislocation blocked a few nanometers above

its complementary pair at the interface. Dislocations are positioned as shown in Figure
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Figure 4.4: Simulation of edge dislocation climb. The first row shows the initial and
final state, while the second and third rows show the relevant snapshot of the evolution.
Light blue spheres represent Ge atoms, pink spheres Si atoms, yellow spheres highlight
the core of an edge dislocation 2.0 nm above the interface (Burgers vector~b = [1̄10]).
Larger spheres show the position of the vacancies as identified by Wigner-Seitz defect
analysis in OVITO. A trajectory is provided for each vacancy by a colored line. (a)
Starting configuration: a Lomer dislocation 2.0 nm above the Si/Ge interface, the
"vacancy spawn" region is shown by the dashed purple line. (b) top view of the
dislocation core. (c) final snapshot after eight vacancies has been inserted in the cell (a
black arrow shows the displacement of the dislocation), with the corresponding top
view (d). Simulation snapshots are provided in sequence; the corresponding simulation
time is shown in the inset (e-l).

4.2 (h), and we will refer to dislocation "A" and "B" in the same way.

Considering Figure 4.3 (a) it is clear that dislocation "B" was immobile, but the glide

component of the Peach and Koehler was not zero. It was frozen in its position above

the other dislocation because it transformed from a shuffle 60° dislocation to a glide 60°

dislocation. This can be ascribed to the strong climb component of the Peach and Koehler

force that wanted to make it move towards its complementary counterpart (see Figure 4.3

(a)). MD simulations (not reported here) show that dislocation "B" remains immobile

until enough vacancies make it climb by a single glide plane. After that, the glide core

of the dislocation is destroyed, the dislocation can glide again, and it eventually reaches

the interface. Notably, the response of a 60° misfit dislocation, which is glissile, to the

interaction with vacancies is not a pure climb motion. Indeed, it resulted that instead of

climbing all the way towards its complementary pair, dislocation "B" interacts only with

few vacancies and then glides towards the interface.

The formation of a 90° Lomer at the interface can still be achieved by the motion of

two complementary 60° dislocations alongside the Si/Ge interface. The situation where
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two complementary 60° misfit dislocations are located nearby at the interface has been

revealed in many experiments, in particular before annealing.[158,160] Annealing can cause

vacancy migration towards dislocations, making them climb one towards the other, even-

tually leading to dislocation joining, forming an edge dislocation. To check this hypoth-

esis, we studied the interaction of vacancies with two complementary 60° dislocations

already at the Si/Ge interface as in Figure 4.2 (k), separated by a distance of 3 nm. We in-

serted a vacancy at a time, randomly deleting an atom in a region below the dislocation

cores, excluding the cores themselves by the region (excluding a cylindrical region with

axis along the y direction, a radius equal to 7 nm, centered in the middle point of the two

dislocations).

In Figure 4.5 we show snapshots of MD simulations of the evolution of vacancies in

the presence of the two complementary 60° dislocations. In particular, in Figure 4.5 (a)

the initial position of the two dislocations is shown. The simulated time and the total

number of vacancies inserted so far in the cell are shown in the inset of each panel. Each

dislocation core is highlighted in a different color, we will refer to them following the same

convention used in Figure 4.2, dislocation "A" for the one with Burgers vector ~b = [011]

(colored in green) and dislocation "B" for the one with Burgers vector ~b = [1̄01̄] (colored

in red). Dashed lines, colored accordingly, also show their glide planes.

After 13 vacancies have been inserted in the cell and a simulated time of more than 14

ns, dislocation "A" climbs, moving outside its original glide plane (the dotted green line)

towards the next glide plane (dashed green line), see Figure 4.5 (b). Now dislocation "A"

has climbed inside the Si/Ge interface, and therefore it glides along its glide planes back

to the Ge film, moving towards dislocation "B" (Figure 4.5 (c)). After that, in the successive

two ns, dislocation "A" climbs and glide again, as displayed by the arrows in Figure 4.5 (d).

The former glide planes are shown for reference as dotted green lines, with the thinner

being the original one. Also dislocation "B" climbs, as shown in Figure 4.5 (e), reducing the

distance between the two dislocations. Actually, at such limited distance, the attraction

between the two dislocations becomes so strong that dislocation "B" glides along its glide

plane and reaches the same height above the interface of dislocation "A." Still, some more

vacancies are needed to make the two dislocations climb and react. Enough vacancies

eventually arrive at the dislocation cores after 41.2 ns, as shown in Figure 4.5 (g) (old glide
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planes are shown by dotted lines for reference). The glide plane of the newly formed 90°

edge dislocation is 2 mono-layers above the Si/Ge interface (see Figure 4.5 (h)). Additional

migration of the newly formed 90° edge dislocation (which core is highlighted in yellow)

happens. It climbs to the Si/Ge interface adding more vacancies in the cell, as shown in

the last snapshot (Figure 4.5 (i)). The new glide plane is shown by a dashed yellow line,

and the former one by a dotted yellow line, an arrow shows the displacement of the edge

dislocation.

In Figure 4.5 we have chosen to present a section of the whole-cell taken by slicing the

cell perpendicularly to the dislocation lines to ease the view. In effect, at every step of the

present simulation, there is some disorder because we are simulating the evolution of 60°

dislocations that are not sessile, as in the case of an edge dislocation. Therefore dislocation

segments move easily and not as a whole (i.e., kinks of the dislocation line are present).

Anyway, we were able to obtain a final configuration of a perfect edge dislocation at the

interface long as the whole simulation cell. It was achieved by continuing the presented

simulation, increasing the time left to the system to equilibrate itself before a new vacancy

insertion, and annealing the system for other 50 ns.

While not the main aim of this work, we notice how the present simulations, see Fig-

ure 4.5 (i), naturally predict the presence of Ge and Si intermixing around dislocation cores

and in the surrounding areas, as observed in experiments and explained theoretically.[160,161]

Mixing is produced by the motion of the vacancies that allow for Ge/Si exchanges without

involving bulk diffusion.

Our simulations also partially reproduced this mixing of Ge atoms in the substrate

and vice-versa (note Ge atoms colored in blue in the Si region and vice-versa in Figure 4.5

(f)-(i).

4.2.5 Glide of 90° misfit dislocation

In the former two sections, we investigated the role of vacancies in dislocation climb. As

expected, simulations showed that vacancies are attracted by dislocations, eventually pro-

ducing their climbing motion. As a result, edge dislocations from the Ge film can migrate

to the Si/Ge interface, and pairs of complementary 60° dislocations can migrate alongside
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Figure 4.5: Simulation of a pair of 60° dislocations climb. Along all three rows,
relevant snapshots of the evolution are shown. Light blue spheres represent Ge atoms,
pink spheres Si atoms, green spheres highlight the core of the dislocation "A" (Burgers
vector~b = [011]), red spheres highlight the core of the complementary dislocation "B"
(Burgers vector~b = [1̄01̄]). The glide planes of the dislocations are shown by dashed
lines colored accordingly to which dislocation they belong. Simulation snapshots are
provided in sequence (a-i), the number of vacancies inserted in the cell and the
corresponding simulation time are shown in the inset. Black arrows show the
displacement of the dislocations.

the interface and there join to form edge dislocations. Based on our results, we can there-

fore provide the following explanation of the experimental findings:[13,25] during low-T

growth, a large density of vacancies is introduced in the system as a direct consequence

of out-of-equilibrium growth. However, their mobility is limited once again due to the

low temperature. The situation changes when a second stage involving either annealing

or high-temperature growth follows. Vacancies can now quickly diffuse, enabling the in-

teraction of complementary 60° misfit dislocation, grouped initially into pairs, eventually

forming edge dislocations.

Having provided an answer to the first open question regarding the annealing-induced

abundance of 90° vs 60° dislocations, we can now address the second, i.e., how such edge

dislocations can move laterally, producing an ordered distribution.

To answer, we considered the situation where an array of non-equidistant 90° is present

at the Si/Ge interface. Indeed, we considered a simulation cell 20nm wide. We inserted

two edge dislocations distanced by only 3nm (as we use PBCs, this actually corresponds

to an array of dislocations where each defect has a distance of 3nm with the closest defect

and of 17nm with the next one) checking whether mechanism leading to an increase of
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such distance towards the 10nm ideal value was occurring.

We ran an MD simulation at 1400K, and we observed a single gliding event (i.e., lateral

motion leading to an increase in lateral distance) after an extremely long simulation time

(∼ 90ns). At a lower temperature of 1200K, no events at all were witnessed in as long as 100

ns, the maximum time we reached with our simulations. We conclude that lateral motion

can occur but on quite long time scales. Interestingly, however, we noticed that a single

vacancy could lead to a noticeable increase in gliding velocity. In Figure 4.6, indeed, we

show the results of a simulation where a single vacancy is inserted a few lattice sites to

the right of Lomer dislocation "C ", in Figure 4.6 (a). The vacancy, represented by a purple

sphere, is attracted by the dislocation and reaches its core in a relatively short timescale

(Figure 4.6 (b)). No vacancy is present near the other edge dislocation "D." The presence

of a vacancy in the dislocation "C" core enables the formation of a kink as shown in Fig-

ure 4.6 (c) (the top view of the defect, together with the corresponding dislocation line, is

provided).

Once the kink has formed, the completion of the glide step is relatively fast; indeed,

only ≈ 100 ps are needed to move the whole dislocation line (see Figure 4.6 (d), (e)). The

vacancy is still around the dislocation core so that it can enhance the glide motion of dislo-

cation "C" again. Indeed, after ≈ 50 ns dislocation "C" glides on the right again as shown

in Figure 4.6 (f) (the black arrows are inserted for reference). A third and a fourth glide

jumps to the right are observed in the next ≈ 30 ns (Figure 4.6 (g), (h)). Notably, we also

observe dislocation "D" glide on the left, but after 92.3 ns of simulation time.

In the presence of the vacancy, a single glide step was also observed in a simulation

run at 1200 K.

4.2.6 Conclusions on vacancy-dislocation interaction

In this last section, we exploited molecular dynamics simulations to shed light on the

atomic-scale mechanisms leading to the experimentally observed formation of a laterally-

ordered array of 90° dislocations at the interface of Ge/Si(001) films.[13,160,162] Importantly,

such arrays are typically obtained in experiments where a first low-T deposition stage is

followed by a raise in temperature.[13] In the former pairs of 60° dislocations are formed

by pure gliding motion, which can occur even in the absence of fast-moving vacancies.
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Figure 4.6: Simulation of 90° edge dislocation vacancy-assisted glide. Relevant
snapshots of the evolution are shown. Light blue spheres represent Ge atoms, pink
spheres Si atoms, yellow spheres highlight the core of the dislocation "C" on the right
(Burgers vector~b = [1̄10]), orange spheres highlight the core of the identical dislocation
"D" on the left (Burgers vector~b = [1̄10]). The vacancy, as identified by Wigner-Seitz
defect analysis in Ovito, is depicted as a big purple sphere. For each configuration, a top
view of a slice around the defects is provided below each snapshot. Thin black lines
indicate the sliced region of each snapshot. Simulation snapshots are provided in
sequence (a-i), and the corresponding simulation time is shown in the inset. Black
arrows show the displacement of the dislocations.

And, indeed, we could observe the formation of such pairs in MD simulations where no

point defects at all were present. Explaining the full transition of the pairs into 90° dis-

locations required climbing motion to be activated at the higher temperature following

the low-T stage. After having introduced a convenient procedure to introduce vacancies

in the simulation cell, we were able to observe full vacancy-induced dislocation climb-

ing leading to the transformation of the 60° pairs into 90° dislocations and/or climbing of

90° dislocations at the Ge/Si(001) interface. At this point, we tackled lateral ordering of

90° dislocations at the interface. While lateral gliding motion was also observed in the ab-

sence of point defects, our simulations revealed how even the presence of a single vacancy

could significantly speed up the process, ultimately leading to an ordered array. With this

respect, we find it interesting to point out that the final stage of lateral ordering can also

be reached without imaging an excess of vacancies in the system, at variance with the

transformation of 60° into 90° in the likely situation where nucleation of the second 60°

dislocation does not occur on the mirror glide plane.

In conclusion, our simulations reproduced experimental findings and, in doing so,
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helped in understanding the different phases needed to achieve the limit of a unimodal

distribution of laterally-ordered dislocations in Ge/Si(001), highlighting when the role played

by vacancies is crucial and when it is not. This can help to devise new growth strate-

gies where alternating close-to-equilibrium and far-from-equilibrium conditions are ex-

ploited to influence the dislocation distribution.

4.3 Conclusions

In this Chapter, we have discussed different aspects of dislocation modeling via molecular

dynamics simulation considering Germanium. The compressive strain implies that most

of the defects are perfect 60° or 90° dislocations whereas the observation of stacking faults

in Ge is much rarer. We have considered Ge films on Si (001), and we studied strain release

mechanisms via the motion of extended defects. It has represented a perfect case to inves-

tigate the modeling of perfect dislocation glide and climb via classical molecular dynamics

simulations. In this Chapter, we studied the glide of perfect misfit dislocation loops in all

their three-dimensional extension and the glide and climb of straight dislocation lines. We

started our analysis by considering the evolution of misfit dislocation loops. Our molec-

ular dynamics simulations provided the atomic detail of the well-known mechanism of

a 60° dislocation loop opening to relax the compressive epitaxial stress. The analysis of

the evolution of the whole dislocation line showed the dynamics of both threading arms

and misfit dislocation segments. Such simulations help in the comprehension of the real

mechanics happening in an epitaxial Ge film in a full three-dimensional view. We then re-

stricted our focus to a simplified -almost two-dimensional- case of a straight dislocation

line in a narrow simulation cell. This approach allowed us to focus on an open question

that remained open for many years: how ordered arrays of edge misfit dislocation lines are

formed. The presence of vacancies has been often invoked to explain such experimental

evidence, but only in a speculative form. Vacancies can play an active role in dislocation

motion activating the climb motion of dislocation. The modeling of such a way disloca-

tion move is not simple to achieve in the classical molecular dynamics framework. Never-

theless, we were able to set up a complex set of simulation tools to model such a complex

mechanism. By studying the climb of 60° and 90° misfit dislocation lines we, first, provided

a detailed description of the atomic details of such mechanisms, but we also understand
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an important mechanism that can indeed explain the formation of ordered arrays of 90°

misfit dislocation lines in Ge films grown at low temperature or high deposition rate when

a thermal anneal follows the initial deposition. By considering our results, it resulted in-

deed that climb of misfit dislocation require a high number of vacancy, but such a large

number of vacancy can be explained in low T / high deposition rate and therefore the

higher abundance of 90° dislocations at the expenses of 60° ones can be explained. No-

tably, it also resulted that only a few vacancies, in the successive thermal treatment, can

activate the lateral gliding of 90° dislocation by favoring the formation of dislocation kinks

along the dislocation line. In conclusion, we highlighted the role played by vacancies in

the lateral-ordering of dislocations in Ge/Si(001) also reproducing experimental findings.

Our result can help to devise new growth strategies by considering close-to-equilibrium

and far-from-equilibrium conditions to influence the dislocation lines distribution and

therefore the strain uniformity.
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Chapter 5

Perspectives: Metadynamics

In this Thesis, we have encountered atomic mechanisms spanning over different time

scales. Some of them are not conveniently studied with conventional molecular dynam-

ics. Such events, indeed, are characterized by too large activation barriers to be observed

in reasonable time scales (and at reasonable temperatures) regardless of the available

computational power.

Therefore, we have looked at the possibility of using alternative methods to observe

rare events. In particular, we considered using metadynamics, which is a method intro-

duced some 20 years ago,[163] and which quickly became popular among a broad commu-

nity of computational researchers.

To learn the method from an expert in the field, I spent my six-months mandatory

Ph.D. period abroad within the group of Prof. F. Pietrucci at the Sorbonne University in

Paris. The idea was to learn one of the most used software for metadynamics simulations,

PLUMED,[164] and to apply it to the study of extended defects dynamics. Unfortunately, af-

ter only one month, the COVID-19 pandemic exploded, and the original plan had to be re-

viewed. The collaboration with Professor Pietrucci during that period continued remotely

with some obvious difficulties. Even if we obtained only partial results in the limited time

the pandemic gave us, they clearly suggest that many mechanisms regarding defects in

semiconductor crystals can be understood using metadynamics. We will present them in

the following, after a brief description of the method.
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5.1 Metadynamics simulations

In this section, we will present some key aspects of metadynamics and how it works in

general. Metadynamics is a method that artificially changes a system’s evolution to explore

new configurations, allowing the estimation of free energy profiles.[163] It is achieved by

changing the real potential energy landscape, adding a fictitious external potential.

Let us consider a simple case: a particle in a double-well potential. The particle cannot

escape from a local minimum only by thermal fluctuations because the energy barrier is

too high. See for example the Figure 5.1 (a).

In the general situation, a metadynamics simulation proceeds as follows. One or more

collective variables~s are defined to describe the system’s configuration at any given time

t0. A series of Kernels are added to the potential energy discouraging the system from

coming back and visiting the previous points (in the collective variables space). These

Kernels are typically multi-dimensional Gaussian functions centered in s = st , i.e., the

position in the collective variable space of the system at t = t0.

At a given time the total bias Vbias(~s) is:

Vbias(~s ) =V old
bias(~s )+τωe−

1
2 |

~s−~st
~σ

|2 (5.1)

where V old
bias(~s) is the bias at t < t0, τ and ω are fixed parameters determined by the Gaus-

sians’ deposition rate and bias height, and~σ is the Gaussians’ width.

The forces acting on a particle i will be given by the sum of the forces acting on it plus

the forces ~Fbias,i added by the bias potential:

~Fi =−∂V ({~r })

∂~ri

~Fbias,i︷ ︸︸ ︷
−∂Vbias(~s )

∂~s

∣∣∣∣
~st

∂~s({~r })

∂~ri
(5.2)

where {~r } are the positions in the real space, s is the actual position of the system in the

collective variable space, and ~ri is the position of the particle. The system is let free to

evolve as in a conventional MD simulation where the added Gaussians have modified

the potential landscape. Then the procedure is iterated, gradually preventing the system

from visiting points where it have already been. The frequency at which the Gaussians are

added, their height and their width can be fixed or not.[163,165,166]
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(a) Particle stuck in a local
minimum of a two well po-
tential landscape.

(b) Gaussian bias poten-
tial added in a metadynamic
simulation.

(c) A second Gaussian added
after some steps.

(d) Reduced barrier height. (e) Filling of the second well. (f) Converged bias potential,
i.e., the inverse of the free en-
ergy.

Figure 5.1: Bias potential and estimation of energy barriers. Example of a
metadynamics simulation for a single particle in a double well. The blue line is the Free
Energy; the green sphere represents the particle position in the collective variable space;
the green bells are the added Gaussians; Vbias is the total bias potential added.

As shown in Figure 5.1, the added Gaussians will gradually fill the potential well in

which the system is stacked. If a good collective variable has been chosen, the system will

be able to explore new regions of the configurational space as displayed schematically in

Figure 5.1 (d). The accumulated bias potential can converge to free energy with oppo-

site signs after long simulations. An indicator of convergence is that the system starts to

diffuse freely, and the bias potential oscillates around a mean value.

5.2 Application: vacancy diffusion

As a first example, we start from a mechanism that has the advantage of being a rare event

with an energy barrier that is high but not so high that it cannot be overcome using pro-

longed high-temperature annealing: the diffusion of vacancies in germanium. The system

interested us for many aspects, presented in Chapter 4. In particular, we want to study how

vacancies interact with misfit dislocations in strained germanium films grown by epitaxy

on Si(001) substrates. In Section 4.2 we have shown the evolution of single vacancies, and

we know that (at least at high temperature) vacancies are attracted by misfit dislocations
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allowing their climb and ordering. We can hence test if the same behavior is found at low

temperature via metadynamics simulations, gaining at the same time information on an

interesting process, and do a first test of this approach applied to defects in the systems of

our interest.

5.2.1 Collective variable: PIV

As a first step, we need to find a good collective variable to use. The most trivial solution

that one can imagine is to use the actual position of a vacancy to make it move at a low

temperature. But in reality, the definition of a continuous position of the lack of one atom

as a function of the position of the real atoms is not easy at all. We decided to employ a

collective variable related to the coordination concept: the so-called Permutation Invari-

ant Vector (PIV). It is a vector made up of the entries in descending order of the contact

matrix of all the system atoms. The contact matrix is a matrix that expresses the property

of two particles of being neighbors or equivalently to be "in contact." It is done by defining

a value between zero and one, which is a function of their distance: one means that they

are in contact; zero means no contact at all. We can easily obtain the coordination of each

atom by counting the number of entries of the contact matrix associated with a specific

atom i that are above a threshold (close to one) that we define as the one needed to be

neighbors. Alternatively, we can define an atomic coordination, which is the sum of the

entries of the contact matrix for each atom*. To produce the PIV of a system configuration,

we proceed as follows.

We define the contact using a switching function S(dij) : R+ → [0;1] that has the dis-

tance dij between two atoms i and j as input:

S(dij) =
1−

(
dij−D0

R0

)n

1−
(

dij−D0

R0

)m (5.3)

For dij <= D0 the function is S(dij) = 1, for dij > D0 the function S(dij) decays smoothly

to zero depending on the parameters R0 ∈ R+; n, m ∈ N (with m > n). For a system of

N atoms the function S is computed for all the 1/2N (N −1) pairs of atoms†. The entries

which are below a cut-off are ignored and replaced by zeros. The matrix entries are sorted

*in this way we can have a definition of the coordination that is continuos
†A subsystem of the atoms in a simulation can be considered to reduce the computational cost.
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in descending order and made up the entries of a vector V which is the PIV. The zero

entries can be ignored, reducing the size of the V vector, which can be very high. Alter-

natively is also possible to not sort the entries of the vector V , but in this case, the vector

must also contain all the null entries. We consider two collective variables s, z that map

the position of the actual configuration Xt into a two-dimensional space (s, z) of the con-

figurations of the system. To do so, an initial configuration A and a target configuration B

are needed. The Euclidean distance between the actual structure and the two references

are computed:

d 2
A =

i∑
(V Xt

i −V A
i ) (5.4)

d 2
B =

i∑
(V Xt

i −V B
i )2 (5.5)

The two collective variables are defined as follow. The first one, s, defines the position of

the configuration along the path that connects the two references in the configurational

space.

s(t ) = 1 ·e−λdA +2 ·e−λdB

e−λdA +e−λdB
(5.6a)

The second one, z, measures the (perpendicular) distance of the actual configuration from

the ideal path.

z(t ) =− 1

λ
l n(e−λdA +e−λdB) (5.6b)

where λ is a parameter which is use to fine tune the resolution of the configuration map-

ping. Its easy to demonstrate that the first variable s ∈ [1;2], where 1 is the initial config-

uration A, and 2 corresponds to the target configuration B. We provide an example of a

trivial transition path for a system made up by five particles in Figure 5.2.

These two collective variables have been successfully applied to perform metadynam-

ics simulations on phase transitions in ice.[167]

5.2.2 Vacancy diffusion enhancement

Our first test was to prove the effectiveness of the collective variables in accelerating the

motion of vacancies at low temperature (600 K). Initially, we considered only an unstrained

germanium cell, and we inserted two vacancies as shown in Figure 5.3 (a).
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Figure 5.2: Example of a transition path for a simple system made up by five atoms. In
green the initial configuration; in red the target reference, and in blue the actual
configuration. The dashed line show the ideal path between configurations A and B; the
dot-dashed line show a more complex path that represents a lower energy path.

(a) Initial configuration. (b) After 50 ps. (c) After 100ps.

(d) After 150ps. (e) After 350ps. (f) After 400ps.

Figure 5.3: Metadynamics simulation of the diffusion of two vacancies. The yellow
spheres are the vacancies, identified by the WS modifier in OVITO. The blue spheres are
Ge atoms, the pale blue atoms are Ge atoms which are not identified as in the perfect
diamond structure. Colored sticks represent bond between atoms and are colored
accordingly.

The simulation was performed in the canonical ensemble (NVT) using the Tersoff po-

tential. The molecular dynamics was performed using LAMMPS integrated with PLUMED.

The simulation cell is a box of Ge atoms with edges 4·a×4·a×2·a oriented along the con-

ventional [100], [010], and [001] directions. The thermostat temperature is set to 300K.

We performed a metadynamics simulation by adding Gaussian bias potential in the (s, z)

space determined by the two collective variables s and z. The initial reference configura-

tion is shown in Figure 5.3 (a), the target configuration has a bi-vacancy on the left top cor-

ner of the simulation cell. The switching function used to build the PIV is plotted in blue
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in Figure 5.4. It has been chosen considering the radial distribution of the Ge atoms. Our

idea is that a switching function that is zero beyond the first neighbors should distinguish

in a good manner configuration where particles change their first neighbors, particularly

if we turn off the sorting of the PIV. If the sorting is left on, a smoother switching function

should be used, for example, the one plotted in orange in Figure 5.4.

Figure 5.4: Example of two switching functions to build the PIVs. The blue line is a
sharp switch which is zero beyond the first neighbors (m = 2n = 16; D0 = 2.7; R0 = 0.3).
The orange line is a smooth switching function (m = 2n = 4; D0 = 0; R0 = 2.7). The radial
distribution functions of two configurations of Ge atoms in a dislocated film are plotted
to identify the distribution of neighbors in Ge. The units on the vertical scale have been
arbitrarily set to be equal, with a maximum equal to ten for a better illustration.

The snapshots of the results of the metadynamics simulations are displayed in se-

quence in Figure 5.3. A migration of the vacancy on the right is observed in a few tenths

of ps (see Figure 5.3 (d)). Note the motion of the atom above the vacancy in Figure 5.3 (c)

that takes the place of the vacancy in Figure 5.3 (d). A similar trend is observed after other

200 ps in Figure 5.3 (e) and (f). Two jumps of one vacancy are observed in less than 500

ps. The result is a clear enhance on the vacancy motion, consider indeed that we are at

a temperature that is more than 1000K below the temperature used in our simulation of

vacancy motion in Section 4.2.

5.2.3 Vacancy diffusion and interaction with climb

The exciting results obtained applying metadynamics to the process of diffusion led us to

try an additional test. As a first tentative simulation, we tried to simulate the migration

of sixteen vacancies toward a 90° Lomer dislocation in an epitaxial film. The simulation

cell is the one used in Section 4.2 to study the climb of a misfit Lomer dislocation. We

performed the metadynamics simulation at a thermostat temperature of 300K. This time
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the best results were obtained using a smooth switching function. The preliminary results

are shown in Figure 5.5.

(a) Initial configuration. (b) After 60 ps. (c) After 200ps.

(d) After 350ps. (e) After 450ps. (f) After 600ps.

Figure 5.5: Metadynamics simulation of the diffusion of sixteen vacancies near a 90°
Lomer dislocation in a Ge film on Si (001). The big spheres are the vacancies, identified
by the WS modifier in OVITO and colored with time from red to pale yellow. The silicon
substrate is shown by pink spheres and sticks, the pale blue spheres are Ge atoms near
defects, Ge atoms which are identified as in the perfect diamond structure are not
displayed. Colored small point represent the position of the vacancies in the preceding
steps.

Our idea was to simulate the Lomer dislocation climb via the interaction with the six-

teen vacancies in the cell. The initial configuration used to construct the collective vari-

able is, therefore, the one in Figure 5.5 (a). The target one now is a configuration with

no vacancies and the Lomer dislocation two glide planes below where it started. The two

configurations have the same number of atoms. In theory, the application of a bias in

the (s, z) space may make the vacancy move toward the dislocation core to transform the

initial configuration into the one where the Lomer has climbed. Note that the radial dis-

tribution functions in Figure 5.4 are obtained from these two configurations. The radial

distribution function of the initial configuration is the green line "Lomer H=3 + 16 vac";

the distribution of the target one is the brown line "Lomer H=1 + 0 vac."

In the presented simulation, vacancies move randomly initially, but some are attracted

by the dislocation core and absorbed by it. The first vacancy arrives at the dislocation

core in less than 60 ps, as the second one does (see Figure 5.5 (b) and (c)). A third one

arrives after 450 ps (see Figure 5.5 (e)). The metadynamics provides vacancy motion at
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300K, which is a good result but unfortunately, only three vacancies effectively reach the

dislocation core. Note that the presented simulation is much more shorted in terms of

simulated time than those presented in Chapter 4. Indeed, using the same amount of

computational power, a simulation where we are performing metadynamics takes much

more time than a standard MD simulation.

To conclude, metadynamics can be used to enhance and study vacancy diffusion and

climb of misfit dislocation at low temperatures. Still, many technical and theoretical as-

pects require further investigation and understanding. In particular, we believe that the

present investigation would strongly benefit from a refinement of the switching function.

As of today, we see the use of metadynamics as an exciting perspective to speed up simu-

lations of the evolution of defects, and we hope that further collaboration with the group

in Paris will soon lead to new interesting results.
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Conclusions

In this Thesis, we have studied extended defects in epitaxial film grown on silicon sub-

strates in the framework of classical molecular dynamics. We considered two prototypi-

cal cases of semiconductor epitaxy: the cubic silicon carbide and the germanium. Their

epitaxy on silicon represents the ideal test case for extended defect modeling via classi-

cal molecular dynamics simulations. Classical molecular dynamics simulation resulted in

being an appropriate instrument for modeling the evolution of extended defects in both

cases as we found them to be reflected by experimental observations. The obtained re-

sults gave us essential information that can practically be used to reduce the appearance

of those defects in the epitaxial systems. Most of the work presented in this Thesis is rep-

resented by the study on extended defects and, in particular stacking faults, in the cubic

silicon carbide. Our analysis on the molecular dynamics potential functions that can be

used to model stacking fault evolution in 3C-SiC provided the technical details about the

reliability of the different potentials on the description of defects. They were used through

the whole part of the Thesis that focused on SiC. Then we addressed the lack of theoretical

understanding of the mechanisms regarding stacking fault aggregation into multiplane

stacking faults characterized of being composed specially by two or three defected planes.

Ad hoc simulations allowed us to understand a crucial point in the composition of these

structures: only specific configurations of stacking faults are possible. Stable configura-

tions are determined by the partial dislocations that bound each stacking fault with the

perfect crystal. Some prescriptions on the choice of potential partial dislocations that

generated the stacking fault exist. Their Burgers vector should be different for each one of

the stacking fault planes. An important implication arises from that: multiplane stacking

faults (that are the most abundant ones) are generated by defects that can evolve under

very different strain conditions. The latter point determined how we proceeded in the

investigation of stacking fault evolution thereon: we needed to reconsider carefully the
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growth conditions experienced by the 3C-SiC film. We indeed found that a change in the

strain sign is achieved after the first stages of the growth, after the so-called carbonization

process. The former high tensile strain becomes a slight compressive strain thanks to the

formation of an array of Lomer dislocation at the SiC/Si interface. We, therefore, draw a

novel picture of stacking fault evolution and formation: stacking faults are formed in the

initial phase, which is tensile, so the partial dislocations present are well known. We iden-

tify them in being either 90° partial dislocations leading stacking fault extension from the

surface to the interface, or either 30° partial ones leading stacking fault expansion from

the interface toward the free surface. We hence analyzed an unexplained experimental

observation that leads to stacking fault annihilation when they migrate from the interface

toward the free surface. We identified the dislocations leading the stacking fault expansion

in being 30° partial ones. We thereafter identified the annihilation mechanism in being

the formation of a Lomer-Cottrell lock at the junction of two crossing stacking faults. We,

in the end, demonstrated, with molecular dynamics simulations, that the change of the

strain sign also determines an enhancement in the probability of having double or even

more frequently triple stacking faults with a common boundary of partial dislocations. We

were able to explain the observed and not completely understood shape of stacking faults

in 3C-SiC. We found that the ∆ and V shape of stacking faults are determined by the evo-

lution of individual stacking faults in the initial tensile strain. They successively transform

into multiple stacking faults when a compressive strain arises in the film. In the end, with

a synergic approach of molecular dynamics and density functional theory calculations, we

identified in the complex of bounding partial dislocations the defect that can be charged

with being the source of leakage currents in 3C-SiC devices (the latter calculations were

performed by other research group members).

Different aspects of dislocation modeling with molecular dynamics simulation were

addressed in the study of the second material considered. Germanium is indeed, for many

aspects, on the completely opposite side of the defect behavior spectrum with respect to

SiC. First, it experiences a compressive strain, does not present polytypism, and is com-

pletely miscible with Si (whereas SiC is stochiometric). The compressive strain implies

that the observation of stacking faults in Ge is much rarer than in SiC, and most of the



Conclusions 172

defects in the material are perfect 60° or 90° dislocations. We consider Ge films on Si (001),

and we studied strain release mechanisms via the motion of extended defects. It has rep-

resented a perfect case to investigate the modeling of perfect dislocation glide and climb

via classical molecular dynamics simulations. The glide of perfect dislocations was stud-

ied in detail both for misfit dislocation loops in all their three-dimensional extension and

for straight dislocation lines. It provided exactly the expected results in terms of disloca-

tion evolution and strain release. The climb was studied in the simplified case of a straight

dislocation line. Many issues regarding the timescale of this process have been addressed,

and we successfully achieved the result of modeling misfit dislocation climb via a molec-

ular dynamics computational approach. This latter result led us to the comprehension

of the formation of ordered arrays of edge dislocation in germanium films grown at low

temperature or high deposition rates.

In conclusion, we used molecular dynamics to model extended defect evolution in epi-

taxial systems focusing on open problems about defect evolution in SiGe and cubic SiC.

Inside collaborations that involved experimental measures, ab-initio calculation, and the

use of the elastic theory, we showed that our results had an essential role in providing

an interpretative picture of extended defect evolution. The ability to set up virtual ex-

periments to understand the evolution of dislocations and stacking faults provides an in-

credibly powerful tool to have important insight on the atomic scale processes governing

their evolution. At this, the development of new powerful modeling instruments in the

framework of molecular dynamics, such as new machine learning potentials or innovat-

ing simulation techniques, is a unique perspective.
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